Fabrication of polymer/metal oxide composites through polymerization-induced phase separation and characterization of their mechanical and electrochemical properties by Lee, Jeongwoo
  
 
FABRICATION OF POLYMER/METAL OXIDE COMPOSITES THROUGH 
POLYMERIZATION-INDUCED PHASE SEPARATION AND CHARACTERIZATION 
OF THEIR MECHANICAL AND ELECTROCHEMICAL PROPERTIES 
 
 
 
 
A Dissertation 
Presented to 
The Graduate Faculty of The University of Akron 
 
 
 
In Partial Fulfillment 
of the Requirements for the Degree 
Doctor of Philosophy 
 
 
 
Jeongwoo Lee 
December, 2015
 ii 
FABRICATION OF POLYMER/METAL OXIDE COMPOSITES THROUGH 
POLYMERIZATION-INDUCED PHASE SEPARATION AND CHARACTERIZATION 
OF THEIR MECHANICAL AND ELECTROCHEMICAL PROPERTIES 
 
Jeongwoo Lee 
Dissertation 
 
 
Approved:  Accepted: 
Advisor 
Dr. Bryan D. Vogt 
 
 
 Department Chair 
Dr. Sadhan C. Jana 
Committee Member 
Dr. Alamgir Karim 
 
 
 Dean of the College 
Dr. Eric J. Amis 
Committee Member 
Dr. Sadhan C. Jana 
 
 
 Dean of the Graduate School 
Dr. Chand Midha 
Committee Member 
Dr. Yu Zhu 
 
 
 Date 
Committee Member 
Dr. Homero Castaneda-Lopez 
  
 iii 
ABSTRACT 
 
Polymerization-induced phase separation of nanoparticle-filled solution is 
demonstrated as a simple approach to control the structure of polymer composites. 
Therefore, polymer/metal oxide nanocomposites are fabricated by the polymerization-
induced phase separation and the composites are characterized their mechanical and 
electrochemical properties. 
The first work was conducted on fabrication and characterization of poly(ethyl 
acrylate) (PEA)/poly(methyl methacrylate) (PMMA)/aluminium oxide (Al2O3) composite 
to confirm the effect of their morphologies on mechanical properties. The dispersion state 
of Al2O3 in the PEA/PMMA blend matrix has a decisive effect on mechanical properties 
of PEA/PMMA/Al2O3 composite materials. Since the interactions between the 
PEA/PMMA chains and Al2O3 nanoparticles are at work, the small-sized clusters and 
individual clusters of Al2O3 into the composites improve the tensile strength as compared 
with neat PEA/PMMA blend. On the contrary, the larger and interconnected clusters of 
Al2O3 bring several partial failures because of the severe modulus mismatch between 
polymer and Al2O3 nanoparticles. 
When the polymer composite materials are pyrolyzed and then carbon composite 
materials are obtain, the carbon composites can be used for battery electrodes. Especially, 
the morphology of composite materials used in battery electrodes is critical to provide the
 iv 
requisite transport paths for ions and electrons to enable high performance. Therefore, 
polymer nanocomposites are demonstrated as the active component for sodium ion 
battery anode. For fabrication of the composites, poly(hydroxybutyl methacrylate) 
(PHBMA) is dissolved in furfuryl alcohol (carbon precursor) containing a photoacid 
generator (PAG), and then titanium oxide (anatase, TiO2) nanoparticles are dispersed in 
the solution. When the PAG exposes to UV, it turns into a strong acid that catalyzes the 
furfuryl alcohol polymerization. Carbonization of this polymer composite yields a porous 
nanocomposite. This nanocomposite exhibits nearly 3-fold greater gravimetric capacity in 
Na-ion batteries than the same titanium oxide nanoparticles that have been coated with 
carbon.  
In addition, a simple and scalable method to tune the morphology of carbon/TiO2 
composite is described using polymerization-induced phase separation of a mixture 
containing commercial TiO2 nanoparticles, poly(hydroxyethyl methacrylate) (PHEMA), 
and photoacid generator (PAG) dissolved in furfuryl alcohol (FA). The morphology is 
controlled by the molecular weight of PHEMA and FA concentration that impact the 
miscibility and mobility. The polymerized composite is carbonized to yield porous 
carbon/TiO2 electrodes. Electrochemical impedance spectroscopy (EIS) analysis 
illustrates that subtle changes in synthetic conditions can dramatically impact the 
electrical or ion conductance, primarily through modulation in the solid electrolyte 
interphase (SEI). A careful investigation of the SEI layer on the porous carbon/TiO2 
composites demonstrates a clear correlation between the SEI and the surface area of the 
porous anode as determined by transmission electron microscopy (TEM) and X-ray 
photoelectron spectroscopy (XPS). 
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CHAPTER I 
INTRODUCTION 
 
1.1 Polymer phase separation 
The polymer materials have consistently come into the spotlight with covering 
various fields of products from disposable cups to electronic devices due to their low 
price and excellent processability.
1
 The improvement of their properties can be obtained 
through the control of structures of components. For example, it is an efficient method to 
blend different polymers which retain their individual properties to fabricate new nano- 
and microstructural polymer materials.
2
 To understand and control the mechanisms of 
phase separation and nanostructure formation in the polymer blends should enable that 
the properties of polymer blends are adapted to various applications. For example, co-
continuous polymer blends consisting of a main component with lower-melting point and 
an added component with higher-melting point are able to increase thermal and 
mechanical properties such as toughness, strain and stress at break, or high-temperature 
creep resistance.
2
 
2 
1.1.1 Mechanisms of phase separation 
After the melt mixing of immiscible polymers to fabricate the polymer blends, the 
system proceeds towards the thermodynamic equilibrium state, which favors the phase 
separation for less miscible polymer mixture compared to the initial mixing state. The 
phase separation depends on the temperature and the composition of the polymer mixture 
and the relationships are illustrated as a phase diagram in Figure 1.1.  
 
Figure 1.1. Phase diagram of a polymer blend illustrating that the polymer blend 
undergoes phase separation above the lower critical solution temperature (LCST) and 
below the upper critical solution temperature (UCST).
3
 
The polymer blends are miscible when there are favorable specific interactions 
between the polymers leading to a negative value of the Gibbs free energy of mixing.
4
 If 
the favorable interactions between the polymers are weak, the polymer mixture will 
exhibit an upper critical solution temperature (UCST). At lower temperature, the 
polymers are immiscible due to the weak interactions, whereas they are miscible at higher 
temperature because of increased the favorable interactions.
3
 It is observed only when 
one or two components have relatively low molecular weight (oligomer).
4-6
 On the other 
hand, miscible polymer-polymer mixtures tend to occur the phase separation between the 
3 
polymers at elevated temperatures.
4
 This miscible polymer blends exhibit a lower critical 
solution temperature (LCST) behavior, which occurs as a general phenomenon in 
polymer solutions. They are miscible at lower temperature due to favorable interactions, 
while they are immiscible at higher temperature due to free volume differences.
3
 The 
dissimilarity between the free volumes of polymers is due to the difference of size or 
chain length, and the smaller (or shorter) polymer is more expanded than the larger (or 
longer) polymer.
7
 
A phase diagram can be classified into three regions; stable, metastable, and 
unstable regions as shown in Figure 1.2. The boarder lines that separate different regions 
have thermodynamic importance and are called binodal and spinodal curves.
8
 The 
binodal curve is the equilibrium phase boundary between the single phase and the phase 
separated region,
9
 and the spinodal curve is the limit of the metastable region.
10
 In 
different regions of the phase diagram, the phase separation occurs through different 
mechanisms: nucleation-growth (NG) and spinodal decomposition (SD).  
 
Figure 1.2. Mechanisms of phase separation in different regions of stability; phases 
separate as nucleation-growth (NG) in metastable region and spinodal decomposition (SD) 
in unstable region.  
4 
The nucleation-growth occurs in the metastable region of the phase diagram (the 
area between binodal and spinodal).
11
 The change of a system from one-phase to two-
phase state in the metastable region has relevance to amplification of fluctuations in the 
composition and to expansion of the microregions of a new phase. The diffusion flows of 
components in the metastable region occur towards decreasing fluctuations, and thus the 
phase separation in this case sequentially occurs as follows: the appearance, growth, and 
coalescence of microregions of developed new phase by evaporation or condensation.
12
 
On the other hand, the spinodal decomposition is the commonly observed mechanism for 
phase separation in homopolymer blends and occurs in the unstable region of the phase 
diagram. It results from small-amplitude concentration fluctuations that grow 
spontaneously into phase-separated regions.
13
  
1.1.2 Crystallization 
Another type of phase separation occurs in polymer blends when one of the 
components is crystallizable. Crystalline polymers usually exhibit excellent physical 
properties compared to amorphous polymers, and thus much research has interested in 
the crystallization behaviors and crystalline morphologies of the binary polymer blends 
with crystalline polymer(s).
14, 15
 
The polymer crystallization is generally divided into three classes; primary 
nucleation, secondary nucleation and growth, and secondary crystallization.
16
 The 
primary nucleation can be divided into two classes; homogeneous nucleation and 
heterogeneous nucleation. The homogeneous nucleation is the sporadic formation of 
critical nuclei from the pure phase, whereas heterogeneous nucleation occurs at the 
5 
surface of impurities within the system.
17
 After the primary nucleation, polymer chains 
will diffuse to the growth front and crystallize further, which is called secondary 
nucleation and growth because it nucleates the growth of a single new layer.
16,
 
18
  
 
Figure 1.3. Spherulites images of polybutene at 90
o
C and annealing time of 90 seconds. 
When polymer chains are crystallized from the melt, spherulites (sphere-shaped 
crystalline structures as shown in Figure 1.3) can be obviously observed, and the 
spherulite growth can continue microscopically in the amorphous regions between 
lamellae, this is called secondary crystallization.
16, 19
 
1.1.3 Polymerization-induced phase separation 
The initially homogeneous solution of a nonreactive component in reactive 
monomers can be occurred the phase separation during polymerization of the monomers, 
which is known as polymerization-induced phase separation (PIPS).
20 , 21
 Initially, 
monomers and other polymers (or low molecular weight solvents) form a binary 
homogeneous solution, in other words, the binary solution is one-phase at the initiatory 
stage. The monomers can polymerize through photoinitiation
22,23
 or thermal initiation.
24, 
25
 At some point during polymerization of the monomers, phase separation occurs as 
6 
shown in Figure 1.4, because the immiscibility in the solution increases with increasing 
polymer chain length.
26
  
 
Figure 1.4. Schematic morphology of a polymer blend fabricated by the polymerization-
induced phase separation. 
Depending on the composition of the solution, the metastable or the unstable 
region will result in nucleation and growth or spinodal decomposition, respectively.
27
 
The PIPS occurs by the mechanism of nucleation-growth in the metastable region or 
spinodal decomposition in the multiphase coexisting region of the phase diagram 
depending on the relative rates of the phase separation and the polymerization 
processes.
28
  
During the phase separation of the solution, polymerization can continuously 
produce branching through cross-linking. Ultimately, this cross-linking causes the 
gelation and formation of a three-dimensional network, and the viscosity of the solution 
at this point is infinite which prohibits molecular movement.
26
 An increase of the cross-
linking temperature can increase the interdiffusion rate at phase separation, but the higher 
cure rate also results in a faster molecular weight increase. Therefore, the higher cure rate 
7 
reduces the diffusion rate of the components of the polymer blend and it gives rise to a 
thermodynamically unstable polymer system.
27
  
1.2 Polymer nanocomposites 
Polymers have widely been used in various fields from textiles to electrical parts due 
to their lightweight, easy fabrication, exceptional processability, durability, and relatively low 
cost.29 However, they have relatively poor mechanical, thermal, and electrical properties as 
compared to metals and ceramics.30 Therefore, polymer-nanoparticle composite materials 
have received a lot of attention due to their synergistic and hybrid properties derived from 
several components.
31
 In polymer matrices, these components can offer unique 
mechanical, electrical, optical, and thermal properties. 
1.2.1 Nanoinorganic components 
Polymer nanocomposites are hybrid organic-inorganic materials, in which the 
inorganic component is nano-scale (less than 100 nm).
32
 They have received the 
attention of many researchers because they provide the significantly improved properties 
such as high modulus,
33
 solvent resistance,
34
 thermal stability,
35
 and reduction in gas 
permeation
36
 at low filler levels (5 wt% or lower). Since the nanosized inorganic 
particles have very high surface-to-volume ratios, they can provide the improved 
properties for the polymer nanocomposites. On the contrary, the micronsized particles 
cannot bring the dramatically improved properties to the more conventional composites 
reinforced with micronsized particles. Consequently, one important advantage of the 
nanoparticles in polymer composites is the extremely high surface area compared to 
microparticles. The extremely high surface area provides many contact sites between the 
8 
nanoparticles and the polymer matrix. Therefore, the improved properties in polymer 
nanocomposites come from the strong interfacial interactions between nanoparticles and the 
polymer matrix.37 
1.2.2 Methods to disperse nanoparticles 
Nanoparticles have a much higher ratio of surface to volume than ordinary 
micron-sized particels. On this account, forces between nanoparticles such as van der 
Waals and electrostatic forces become stronger.
38
 Therefore, the nanoparticles have a 
strong tendency to form clusters or agglomerates to reduce their surface energy. The 
clusters or agglomerates are challenging to disperse individually and uniformly in the 
polymer matrix.
30,
 
39
 
Generally there are three methods to disperse the inorganic nanoparticles into 
polymer matrices.
40
 The first method is the top-down process, which consists in the 
direct mixing of the inorganic nanoparticles into a polymer matrix in melt or in solution. 
In the melt mixing, the agglomerated nanoparticles are broken down to nano-scale by the 
shear stress induced in a polymer melt. The inorganic nanoparticles in the polymer melt 
are dispersed depending largely on the shear stresses induced in the polymer melt during 
mixing.
41
 Meanwhile, in the solution mixing, the nanoparticles are predispersed in a 
solution of polymer and solvent, followed by evaporation of the solvent from a solution 
of polymer and nanoparticles. The shear stress in a solution of polymer and nanoparticles 
during the solution mixing is much lower than that in a polymer melt during the melt 
mixing, and thus it is necessary that the nanoparticles are predispersed in a solution of 
polymer and solvent using an external force such as ultrasonication.
42, 43
 
9 
The second method is based on in-situ polymerization in the presence of the 
inorganic nanoparticles or in-situ synthesis of inorganic nanoparticles in the presence of 
polymer. For in-situ polymerization method, inorganic nanoparticles are dispersed in the 
monomer or monomer solution, and then the monomer in a mixture is polymerized.
44, 45
 
Therefore, a key part of in-situ polymerization is good dispersion of nanoparticles into 
the monomer, and this often requires the surface modification of nanoparticles to improve 
their wettability with the monomer.
41
 On the other hand, in-situ synthesis of inorganic 
nanoparticles has advantages of controlling the size and morphology of the inorganic 
nanoparticles as well as improving the dispersion state of the inorganic nanoparticles into 
a polymer matrix.
46
  
The last method is in-situ synthesis of the inorganic and organic components from 
the precursor of inorganic components and monomer of polymers. This is a method 
combined with in-situ formation of the inorganic nanoparticles and in-situ polymerization 
by using a sol-gel technique. Using this method, it is possible to disperse the inorganic 
nanoparticles with a dimension shorter than the molecular chain length of a polymer 
matrix. However, the polymer species are limited to water-soluble polymers and specific 
polymers with hydrogen bond acceptor groups, which are able to form hydrogen bonds 
with the hydroxyl groups on the surface of inorganic nanoparticles.
41 
The last two 
methods are defined as bottom-up processes.
47
 Figure 1.5 illustrates examples of the top-
down and bottom-up processes for the synthesis of polymer nanocomposites. 
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Figure 1.5. Schematic representation of A) top-down and B) bottom-up processes for the 
synthesis of polymer nanocomposites. 
1.2.3 Properties of nanocomposite  
Dimensional stability. The thermal expansion coefficients of polymers cause 
dimensional changes during the processing of polymers.
48
 In other words, the poor 
dimensional stability can cause warping or other changes in shape that affect the function 
of polymer materials. Therefore, dimensional stability is vital in various applications of 
polymer materials. To reduce the coefficient of thermal expansion, fillers commonly have 
been dispersed into polymer matrices. 
The polymer nanocomposites provide the crucial solution for improving the 
dimensional stability. For instance, State et al.
49
 investigated that polymer composites 
based on polyurethanes and epoxy resin filled with aluminium oxide and/or tungsten 
powders, which were novel ultrasound backing materials with an improved thermal 
dimensional stability. These filler particles hinder the mobility of polymer chains, which 
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reduced the mechanical damping of the polymer composites, and thus it results in a 
decrease in the volumetric fraction of the polymer. Jamel et al.
35
 studied the dimensional 
stability of polyvinyl chloride (PVC)/glass fiber foam composites to improve their 
properties like thermal shrinkage and heat resistance. The thermal shrinkage decreased by 
~ 60%, with visible improvements to the shape distortion. This results from the glass 
fiber content in the PVC matrix, which has higher resistance to thermal expansion and/or 
contraction. In addition, this is attributed to an interlocking and bonding between the 
glass fiber and the foam matrix along the glass fiber length. 
Mechanical properties. One of the main reasons for adding nanofillers into 
polymer matrices is the improvement of their mechanical properties such as the tensile 
strength, modulus or stiffness.
30, 50
 For example, Pattanayak et al.
51
 studied the 
improved mechanical properties of polyurethane (PU)/clay nanocomposites. The PU/clay 
nanocomposites obtained the significantly improved mechanical properties compared 
with neat PU when the clay particles were fully exfoliated. The PU/clay nanocomposites 
provided 110% improved tensile modulus, 170% improved tensile strength, 110% 
improved tear strength, 120% improved fracture toughness, and 40% improved abrasion 
resistance. These improvements in mechanical properties are originated from clay-PU 
tethering as well as hydrogen bonding between the clay particles and the PU matrix. 
Herrera-Franco et al.
52
 studied the mechanical behavior of continuous natural 
fiber reinforced high density polyethylene (HDPE), which stiffness increases by 339% 
compared to the stiffness of the HDPE matrix. This improvement is attributed to a change 
of the interaction between the surface-modified natural fiber and HDPE matrix, which is 
the increase of the area of contact and then improves the fiber wetting and impregnation. 
12 
Thermal conductivity. Polymers are widely used as insulating materials. 
However, there are many attempts to improve their thermal conductivity through the 
fabrication of polymer nanocomposites, which is desirable in order to the efficient 
dissipation of heat.
53
 Polymers have a low thermal conductivity due to their relatively 
low atomic density, weak interactions or chemical bonding, and complex crystal 
structure.
54
 Typical thermal conductivity values of some polymers are listed in Table 1.1. 
Incorporation of nanofillers including graphite,
55
 carbon black,
56
 carbon fibers,
57
 
ceramic,
58
 or metal
59
 particles into the polymers is a common approach to improve 
thermal properties. 
Table 1.1. Thermal conductivity of polymers
53
 
Polymer Thermal conductivity (W/mK) 
Low density polyethylene 0.28 – 0.32 
High density polyethylene 0.38 – 0.58 
Epoxy resin 0.17 – 0.21 
Polypropylene 0.18 – 0.24 
Phenol resin 0.24 – 0.29 
 
Su et al.
60
 reported an improved thermal conductivity of epoxy composites with 
hybrid boron nitride nanotubes (BNNTs) and boron nitride nanosheets (BNNSs). These 
composites yielded a thermal conductivity of 0.47 W/mK at 2 wt% filler loading. This 
improvement in thermal conductivity was due to the generation of three-dimensional 
thermal networks between BNNTs and BNNSs, which can provide easy paths for the heat 
flow through the composites.  
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Electrical conductivity. Electrically conductive polymer nanocomposites have 
been widely studied for applying in various fields such as anti-static materials,
61
 
electromagnetic interference (EMI) shielding,
62
 chemical sensor,
63
 bipolar plates for fuel 
cells,
64
 and so on. Generally, polymers play a role as electrical insulators. Therefore, to 
increase the electrical conductivity of polymers, the electrically conductive polymer 
nanocomposites are fabricated with specific conductive additives such as metallic 
powder,
65
 metallic fibers,
66
 carbon black,
67
 graphene,
68
 and so on.  
Chang et al.
69
 have demonstrated an effective and simple approach to increase 
the electrical conductivity of poly(dimethylsiloxane)/MWCNT composites. The 
composite possessing 0.5 wt% of MWCNT shows an electrical conductivity jump from 2 
× 10
-12
 S/cm to 4 × 10
-8
 S/cm. Guo et al.
70
 showed an efficient and easy route to fabricate 
aligned CNT/polymer fibers by using acrylic acid (AA). They fabricated fabricate the 
CNT/polymer fibers through the introduction of monomers during in situ polymerization 
of AA followed by the immersion of CNT into AA. The resulting composite fibers 
improved their electrical conductivity compared with either the pure CNT fibers or the 
CNT/polymer fibers fabricated by the direct incorporation of polymers. 
1.2.4 Applications 
Polymer nanocomposites have been developed to meet the requirements of 
various applications, such as optics, electronics, mechanics, energy, environment, biology, 
and medicine because they can possess various properties depending on nanofillers.
71-73 
Therefore, depending on the properties of nanofillers, the polymer nanocomposites have 
been used in membranes and separation devices, functional smart coatings, fuel and solar 
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cells, catalysts, sensors, military equipment, paints, automobiles, aerospace, drug carriers, 
and tissue engineering.
73
 Some of the potential applications of polymer nanocomposites 
are listed in Table 1.2. 
Table 1.2. Potential applications of polymer nanocomposites
71, 73
 
Nanocomposites Applications 
Poly(methyl methacrylate)/SiO2 Dental application and optical devices 
Polyaniline/Fe3O4 Microwave absorber 
High-density polyethylene/TiO2 Bone repair 
Nylon-6/Clay Films and bottles 
Nylon-6/Layered silicates Automotive timing-belt  
Poly(ethylene oxide)/Layered silicates Airplane interiors 
Polylactic acid/Layered silicates Lithium battery development 
Polyethylene terephthalate/Clay Food packaging application 
Epoxy/Montmorillonite Materials for electronics 
1.3 Anodes for sodium ion batteries 
In these days, sodium ion batteries have received attention as an alternative to 
lithium ion batteries. Therefore, this part provides an overview of the sodium ion batteries. 
1.3.1 Sodium ion battery 
Lithium ion batteries are the most common type of secondary rechargeable cells 
because they are light weight, more compact, work at an operating voltage of ~ 4 V, and 
deliver with a specific energy density up to 200 Wh/kg and long lifecycle of 3000 
cycles.
74, 75
 Their demand is rapidly increasing because lithium is the lightest metallic 
element, which can provide fast diffusion kinetics into electrode materials,
76
 and has a 
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very low redox potential (E°(Li
+
/Li) = -3.04 V versus standard hydrogen electrode), which 
enables cells with high voltage and high energy density.
77, 78
  
However, as lithium resources are limited natural deposits and the cost of lithium 
continues to increase, much research has been conducted to find the new rechargeable 
cells replacing the lithium ion batteries. One potential candidate of the next generation is 
sodium ion batteries because of more abundant and lower cost of sodium than lithium, 
and very suitable redox potential (E°(Na
+
/Na) = -2.71 V versus standard hydrogen 
electrode).
77
 Although sodium shares some properties of lithium and is inexpensive, there 
are some drawbacks to use sodium.  
Its gravimetric capacity is lower than the capacity of lithium (1165 mAh/g 
compared to 3829 mAh/g).
79
 In addition, the larger size of sodium ions brings the lack of 
suitable anode materials to host Na
+
 due to a diffusion problem into anode materials 
compared to lithium ion. The difference between lithium and sodium is presented in 
Table 1.3. Therefore, in order to successfully replace lithium ion batteries by sodium ion 
batteries, new anode materials having a high specific capacity and low redox potential 
should be introduced.
80
  
Table 1.3. The different characteristics between lithium and sodium
79
  
Category Lithium Sodium 
Cation radius (Å) 0.76 1.06 
Atomic weight 6.9 23 
Standard potential E
0
 (V) -3.04 -2.71 
Capacity (mAh/g), metal 3829 1165 
Cost ($/ton), carbonates 5000 150 
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1.3.2 Types of anodes 
The chemical potential difference between two electrodes (anode and cathode) 
creates a voltage of batteries, and thus the battery performance characters such as specific 
capacity and operation voltage are determined by the electrode materials.
78
 Therefore, the 
major challenge in sodium ion batteries is to find good electrodes.  
Carbonaceous anode materials. For lithium ion batteries, graphite is used the 
most as anode materials. However, the sodium ion could not be successfully intercalated 
between the layers of graphene sheets because of its larger size (1.06 Å) than lithium ion 
(0.76 Å).
77
 Therefore, many other non-graphitic anodes that consist largely of various 
carbonaceous materials have been investigated for the insertion of Na
+
 ions, such as soft 
carbons (small regions of ordered graphen) and hard (disordered) carbons.
81
  
Doeff et al.
81
 investigated the insertion of Na ions into various carbon compounds 
in sodium cells. Only a small amount of Na ions is inserted into a graphite electrode (~ 
NaC70), whereas more Na ions are inserted into petroleum coke (NaC30) and Shawinigan 
black (NaC15). Polyacrylonitrile solution was electrospun by Chen et al.
82
 to fabricate 
carbon fibers, which were investigated as anode materials for sodium ion batteries. The 
carbon fibers exhibit a dominant adsorption/insertion sodium storage mechanism because 
of their small regions of ordered structure and a large interlayer spacing between 
graphene sheets. Therefore, they show excellent cycle stability, which is 97.7% capacity 
retention ratio over 200 cycles. Furthermore, the carbon fibers have reversible capacities 
of 233 mAh/g at a current density of 50 mA/g. However, the theoretical capacity of 
graphite in sodium ion cells is ~ 35 mAh/g.
83
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Metal oxide anode materials. Metal oxides are considered to be promising anode 
materials for sodium ion batteries because it delivers high capacities achieved compared 
to carbon materials.
84
 Alcántara et al.
85
 investigated that Na can induce conversion 
reactions of metal oxides like as Li; nLi
+
 + ne
-
 + M
n+
X ↔ LinX +M
0
 (M is a metal, X is 
an anion, and n is the oxidation number of the metal ion in MX). The multiple electron 
reaction of the conversion reaction leads to high theoretical specific capacity.78  
Jiang et al.
86
 fabricated Fe2O3 thin films by electrostatic spray deposition that 
areversible capacity of 386 mAh/g at 100 mA/g is achieved over 200 cycles; as high as 
233 mAh/g is sustained even cycling at a large current density of 5 A/g. This 
investigation indicates that the traditional conversion reactions contribute the 
distinguished sodium storage performance. 
Wang et al.
87
 reported on the preparation of porous CuO nanowires that are 
composed of nanoparticles (~50 nm) via a simple decomposition of Cu(OH)2 precursor. 
The CuO anode displayed a discharge capacity of 640 mAh/g in the first cycle at 50 
mA/g. After 50 cycles, a high capacity of 303 mAh/g obtained. This high capacity is 
based on the conversion reactions and the nanostructure of CuO, which can improve the 
Na
+
 ion intercalation kinetics (the structure of anode material will be discussed in the 
next section).  
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Intermetallic anode materials. Although carbonaceous materials have been 
widely investigated as anodes for sodium ion batteries because of their good cyclability, 
they have low capacity (less than 300 mAh/g)
88
 compared to metals. Therefore, as anode 
materials for sodium ion batteries, pure metals such as tin (Sn), germanium (Ge), 
antimony (Sb), and so on have been considerably examined because their high theoretical 
capacities- 847 mAh/g,
89
 1625 mAh/g,
90
 664 mAh/g,
91
 respectively.  
For instance, Yamamoto et al.
92
 reported that the discharge capacity of Sn thin 
film as an anode of a sodium ion battery was 790 mAh/g at a C/10 rate in the first cycle. 
Ellis et al.
93
 also presented that the first discharge capacity of a sputtered Sn anode of a 
sodium ion battery was ~830 mAh/g at a C/25 rate. Abel et al.
94
 investigated that the 
nanocolumnar Ge thin film had the initial discharge capacity of 430 mAh/g at a C/20 rate. 
For Sb as an anode of a sodium ion battery, Darwiche et al.
95
 reported that pure 
micrometric Sb had the first charge capacity of 544 mAh/g at a C/2 rate. Although they 
bring high capacities in the first cycle, the capacities fade rapidly within few cycles. The 
rapid deterioration of capacities is attributed to the large volume expansion accompanied 
by insertion/desertion of Na
+
 ions into/from the anode materials which leads to cell 
failure.
84
  
To overcome this problem, intermetallic materials (active materials in inactive 
matrices) have been considered as promising anode materials for sodium ion batteries. 
The complex reaction mechanisms of the intermetallic materials help to relieve 
mechanical strain during charge/discharge.
96
 Xiao et al.
97
 investigated the SnSb 
nanocomposite (1 : 1 molar ratio) as an excellent example of the intermetallic anodes. 
The SnSb anode achieved a high capacity (544 mAh/g at 100 mA/g rate), good rate 
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capacity and cyclability (80% capacity retention over 50 cycles) for a sodium ion battery. 
The volume change of the SnSb nanocomposite is less than the individual metals which 
their volume change is typically ~400%.
97
 Farbod et al.
98
 provided the first report on 
several compositions of ternary Sn-Ge-Sb thin film alloys, which had an initial reversible 
specific capacity of 833 mAh/g at 85 mA/g rate and 662 mAh/g after 50 charge-discharge 
cycles. The ternary alloy suffers an expansion of roughly ~350%, whereas Sn has the 
largest volume expansion, with ~425% upon complete sodiation.  
1.3.3 Importance of structure 
Recently much research have been focused on the structure change of the anode 
resulted in an increase in electrochemical properties.
99, 100
 These studies are based on 
how the electrochemical reactions are affected by the structures of electrodes or how the 
reactive sites on electrodes have increased through the control of surface area of electrode 
materials.
101
 These anode materials have generally 2-1000 times larger surface areas 
compared to a planar electrode of similar size, and consist of oriented or random pore 
morphology. These large surface areas provide the increase of electrochemical reaction 
sites on the anode surface, and thus it leads to larger currents because Faradaic current 
generally is proportional to the electrode surface area. Furthermore, it leads to the 
increase of ion diffusion sites.
102
 For example, Tang et al.
103
 reported for the first time 
the use of hollow carbon nanospheres as sodium ion battery anode materials. The unique 
hollow structure can increase mass transport by offering a large surface area and a short 
diffusion distance.
104
 The reversible capacity of the hollow carbon nanosphere anode was 
200 mAh/g at a current density of 50 mA/g and a voltage range 0 - 2.5 V. 
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As mentioned, much research has focused on the fabrication of functional anode 
materials with high surface areas, which can increase the electrochemical properties of 
cells by facilitating better contacts between the electrolyte and electrode.
105, 106
 However, 
other research has focused on low surface area anode materials because the first-cycle 
Coulombic efficiency of high surface area anodes is typically very low (less than 75%). 
The lower first-cycle Coulombic efficiency results from the formation of solid electrolyte 
interphase (SEI) layer on the large surface area materials.
107
 The formation of the SEI 
layer causes the decrease of the full-cell capacity (SEI layer will be discussed in the next 
section).
108 
Therefore,
 
Luo et al.
108
 investigated the hard carbon with low surface area 
(5.4 m
2
/g), fabricated by doping graphene oxide into sucrose as a precursor for hard 
carbon. This hard carbon having low surface area remarkably enhances the first-cycle 
Coulombic efficiency from 74% to 83% and acquires a highly stable cyclic performance 
by retaining 95% of capacity after 200 cycles. 
1.3.4 Solid electrolyte interphase (SEI) layer 
The salts and solvents of electrolyte solutions are reduced at certain potential 
which is higher than the intercalation potential of ions in rechargeable batteries.
109
 The 
decomposition of salts and solvents results in the precipitation of various species on the 
surface of anode materials. The formed layer by the precipitation of various species is 
named the solid electrolyte interphase (SEI) layer.
110
  
Once formed, the SEI layer obstructs electron transport from the electrode and 
thus prevents further electrolyte decomposition, while still allowing ions to diffuse 
between the electrolyte and the electrode.
111
 The SEI layer also increases a resistance, 
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reducing the energy density of the electrochemical cells and strongly affects the 
cyclability and safety of the electrochemical cells.
112
 
At carbonaceous anodes for sodium ion batteries, electrochemical processes are 
generally considered to be dominated by two reactions: Na intercalation into carbon 
layers and decomposition of electrolyte. The Na intercalation represents the preferred 
reversible reaction, whereas the electrolyte decomposition gives rise to the irreversible 
consumption of Na and the degradation of a sodium ion battery.
113
 The irreversible 
passivating layer, SEI is formed on the electrode surface due to the reductive 
decomposition of electrolyte during the first charge-discharge cycle.
110
 The SEI layer on a 
typical negative electrode is diagrammatically shown in Figure 1.6.  
 
Figure 1.6. Schematic diagram of a solid electrolyte interphase (SEI) layer on an anode 
and its formation. 
The type of anode materials affects the SEI layer and the battery performance is 
significantly affected by the attributes of the SEI layer such as its composition, thickness, 
morphology, and compactness. Therefore, a great deal of research on the SEI layer has 
been conducted. 
Chan et al.
114
 figured out that the volume expansion of a silicon (Si) anode during 
the ion insertion into the Si contributes to the dynamic nature of a SEI layer and the SEI 
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layer on a Si anode is dependent upon the potential. They determined that a thick SEI 
layer (5 m) with large particles forms at low potentials, and then the large particles 
dissolve partly and crack with increasing the potential during the discharge.  
Dang et al.
115
 studied the improved electrochemical performance of nanoporous 
MnO frameworks with metallic Co nanoparticles as an electronic conductor and a SEI 
layer as a mediator for the active materials. The SEI layer plays a role as an ion conductor 
and a mediator of other components in the composite through the volume change during 
charge-discharge cycles. Therefore, they confirmed that the composites (MnO/Co/SEI) 
have a great property as an active material with high electron conductivity, high ion 
conductivity, and high durability. 
Winter et al.
116
 showed that the irreversible charge loss attributed to SEI 
formation is linearly proportional to the BET (Brunauer Emmett Teller) specific surface 
area of the carbon. Furthermore, Zheng et al.
117
 found that the crystallographic structure 
and particle morphology affect the SEI layer. They showed that coke and graphite 
powders having same BET specific surface area exhibit different irreversible charge loss.  
1.4 Dissertation overview 
The broad goal of this research is to fabricate the advanced nanostructural 
polymer/metal oxide nanocomposites by the polymerization induced phase separation 
and to characterize their structure and properties (mechanical or electrochemical 
properties) depending on the phase and chemical composition. This dissertation is 
organized into 5 chapters.  
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Chapter 1 provides general background information about this research. Of the 
following three chapters, each chapter represents an independent study on the 
polymer/metal oxide composites fabricated by the polymerization-induced phase 
separation, which their mechanical and electrochemical properties are improved using 
Al2O3 and TiO2 nanoparticles, respectively. Chapter 2 involves the mechanical property 
testing of poly(ethyl acrylate)/Poly(methyl methacrylate)/Al2O3 composites fabricated 
through polymerization-induced phase separation. This work in Chapter 2 is a paper to be 
submitted. Chapter 3 is a paper published in the ACS Applied Materials & Interfaces that 
focuses on fabrication of porous carbon/TiO2 composite through polymerization-induced 
phase separation and use as an anode for Na-ion batteries. Chapter 4 is a paper to be 
submitted that includes the content of using poly(furfuryl alcohol)/poly(hydroxyethyl 
methacrylate) blends to tune the morphology of nanoporous carbon-titania composites for 
anodes of sodium ion batteries. Finally, Chapter 5 includes conclusions and the future 
works. 
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CHAPTER II 
FABRICATION OF PEA/PMMA/AL2O3 COMPOSITE THROUGH 
POLYMERIZATION-INDUCED PHASE SEPARATION AND EFFECT OF ITS 
MORPHOLOGY ON MECHANICAL PROPERTIES 
 
2.1 Introduction 
Mechanical properties of polymer blends depend on phase-separated 
morphologies of the blends. The reason is that most homopolymers are immiscible, 
which occurs phase separation with poor mechanical properties due to low interfacial 
interactions.
1
 The polymer blend morphologies can be divided into three categories; 
dispersed, stratified, and co-continuous morphologies.
2
 Among the categories of 
morphologies, the co-continuous two-phase structure in polymer blends provides the 
improved mechanical properties such as high toughness, large extension, and excellent 
strain recovery.
3,4
 Therefore, the co-continuous two-phase structure in polymer blends 
has attracted interest in the development of novel polymer blend materials. 
One of the phase separation methods in polymer blends is polymerization-induced 
phase separation (PIPS). The PIPS is a process, which an initially homogeneous solution 
of monomer and solvent (or polymers) becomes phase separated during polymerization 
of the monomer. This process can be triggered either thermally or by exposure to a 
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radiation (visible light, UV, or electron beam) according to the needs with a proper 
choice of constituents including the chemical nature of initiators and monomer units.
5
 In 
an initially homogeneous solution of monomer and other polymer(s), the molecular 
weight of a polymer increases with the polymerization of the monomer. Consequentially, 
the entropy of mixing decreases and the phase separation occurs.
6
 
Meanwhile, polymer composites based on nano-sized inorganic filler particles 
have received much attention because such hybrid materials can possess combined 
properties of both the incorporated inorganic particles and polymers. The inorganic 
nanofillers play significant roles in modifying the desirable properties of polymer 
matrices and reducing the cost of their composites.
7
 Indeed, the polymer/inorganic 
particle nanocomposite materials can be much enhanced their various properties such as 
mechanical,
8
 electrical,
9
 and optical properties,
10
 and so on. Therefore, the 
nanocomposites have been applied to the various fields such as military equipments, 
automobile, aerospace, electronic equipments, optical devices, and so on.
11
  
To improve such properties of polymer nanocomposites, some promising ceramic 
fillers such as Al2O3,
12
 ZnO,
12
 SiC,
13
 TiO2,
14
 AlN,
15
 and so on were studied by many 
research groups. Among the ceramic particles, Al2O3 is one of the most widely used 
engineering ceramic materials because the Al2O3 particles have excellent properties such 
as high elastic modulus, high wear resistance, excellent dielectric properties, high 
chemical corrosion resistance, high-temperature stability, good thermal conductivity, and 
the retention of strength at high temperatures.
16,17
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In this study, we prepared poly(ethyl acrylate) (PEA)/poly(methyl methacrylate) 
(PMMA)/aluminium oxide (Al2O3) nanocomposites by the polymerization-induced phase 
separation to confirm the effect of their morphologies on mechanical properties. We 
studied the effect of Al2O3 loading and PEA/PMMA/Al2O3 nanocomposite morphology 
on the mechanical properties of the nanocomposites. Accordingly, the structure of the 
resulting nanocomposites was examined with transmission electron microscopy (TEM), 
and the tensile test of the nanocomposites was examined with universal testing machine 
(UTM). 
  
 27 
2.2 Experiment 
Materials. Ethyl acrylate (EA, 99%, Sigma-Aldrich) and ethylene glycol 
dimethacrylate (EGDMA, 98%, Sigma-Aldrich) removed an inhibitor (monomethyl ether 
hydroquinone) by passing them through a removal column packed with alumina particles 
(Particle size: 50-200 m, Alumina Basic Super I, Dynamic Adsorbents, Inc.), and then 
they were stored at ~5 °C prior to use. Ethylene glycol dimethacrylate was used as a 
crosslink agent and benzoin (98%, Sigma-Aldrich) was used as a photo-initiator. 
Polymethyl methacrylate (PMMA, Mw 75,000 g/mol) was purchased from Scientific 
Polymer Products, Inc. (Ontario, NY) and used as received. Aluminium oxide (Al2O3, 
NanoDur
®
AL-2420, 45 nm) was purchased from Alfa Aesar. The Al2O3 particles were 
separated from water by centrifugation (accuSpin
TM
400, Fisher Scientific) at 7000 rpm 
for 5 min, and the highly concentrated Al2O3 slurry was re-dispersed into deionized water 
and EtOH using an ultrasonic cleaner (VWR
®
 symphony
TM
, operating frequency: 35 kHz, 
VWR International) to remove the surfactant dispersant and then collected again by 
centrifugation. This washing process was repeated 3 times.  
Fabrication of PEA/PMMA/Al2O3 composites. In order to fabricate the 
PEA/PMMA blends, PMMA (0.3 and 0.7 g) was dissolved in EA (1.7 and 1.5 g). 
EGDMA (1 wt% related to EA) and benzoin (0.5 wt% related to EA) were dissolved into 
the solution of PMMA and EA. These mixtures were filled in a silicone mold, and then 
EA polymerization was induced by broadband UV (Spectroline, 4500 W/cm) exposure. 
The polymerization was carried out at 60 ºC for 20 min. Following the guidelines 
provided in ASTM document D638, the silicone casting mold were designed and 
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fabricated with poly(dimethylsiloxane) (PDMS) base and curing agent (Sylgard 184, 
Dow Corning). The silicone casting mold was prepared at 10:1 w/w ratio of base to 
curing agent with the components physically mixed by hand. The mixture was poured 
onto a flat glass plate, which the ‘dog-bone’ shaped tensile test specimen was stuck on. 
The PDMS was allowed to cure and degas at room temperature for 4 h, followed by an 
elevated temperature cure at 120 °C for 2 h. The mold had the intagliated ‘dog-bone’ 
shapes, which dimensions are shown in Scheme 2.1. 
 
Scheme 2.1. Dimensions of a ‘Dog-bone’ shaped tension test specimen. 
In order to fabricate the polymer nanocomposites, the different amount of Al2O3 
(0.01, 0.03, 0.05, 0.07, 0.1, 0.15, 0.2, and 0.23 g) was ultrasonically dispersed into 1.5 g 
EA, and then 0.5 g PMMA, 0.015 g EGDMA, and 0.0075 g benzoin were dissolved in 
the solution of EA and Al2O3. These mixtures were filled in a silicone casting mold, and 
then EA polymerization was induced by broadband UV (Spectroline, 4500 W/cm) 
exposure. The polymerization was carried out at 60 ºC for 20 min. 
Characterization. The morphology of the nanocomposites was elucidated using 
transmission electron microscopy (TEM, JSM-1230, 120 kV, JEOL). Cross-sections of 
the composites were prepared by an ultramicrotome (PT−PC PowerTome, RMC) using a 
diamond knife at room temperature. The sliced specimens were approximately 70 nm 
thick and supported on a 3.05 mm Cu grid (01753-F, TED PELLA, Inc.) for TEM 
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characterization. For compositional information, the nanocomposite materials were dried 
overnight in a vacuum oven at 85 °C and thermogravimetric analysis was performed on 
TGA Q50 (TA Instrument) with a heating rate of 20 °C/min to 650 °C in air to confirm 
the PEA/PMMA blend and Al2O3 composition.  The stress–strain measurements were 
performed on PEA/PMMA/Al2O3 nanocomposites. The mechanical properties of the 
nanocomposites were measured by universal testing machine (UTM, Instron 5567). The 
scan rate was 10 mm/min, and the load cell was 1 kN. 
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2.3 Results and discussion 
Two stress-strain curves for polymer blends with different ratio of PEA to PMMA 
are shown in Figure 2.1. The results show that the ultimate tensile stress of specimens 
increases to 46 % with increase of the ratio of PMMA to EA. This is attributed to the 
PMMA domain, which is relatively stiff (~58 MPa of tensile strength)
18
, in the rubbery 
PEA matrix (~0.65 MPa of tensile strength)
19
. When the ratio of PMMA to EA increases 
over 1:0.33 (EA:PMMA), the solution has too high viscosity to fill in a silicone casting 
mold. Therefore, the specimens cannot be fabricated over 1:0.33 (EA:PMMA). 
 
Figure 2.1. Strain-stress curves of PEA/PMMA blends fabricated using different ratio of 
EA to PMMA. 
As a greater tensile strength is found using the 1.5 g EA/0.5 g PMMA, the ratio of 
PMMA to EA is fixed and the different amount of Al2O3 nanoparticles are loaded into the 
PEA/PMMA blends as the fillers to be the controlling factor for determining the 
morphology and mechanical properties of the nanocomposites. 
TGA curves of the neat PEA/PMMA blend and the nanocomposites embedding 
different Al2O3 content are shown in Figure 2.2, and this data determine the weight 
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fraction of Al2O3 nanoparticles in the PEA/PMMA/Al2O3 composites. As shown in 
Figure 2.2, the composites have from 0.75 wt% to 15.32 wt% Al2O3 nanoparticles with 
increasing the mass of Al2O3 from 0.01 g to 0.23 g. 
 
Figure 2.2. TGA curves of 1.5 g PEA/0.5 g PMMA/Al2O3 composites fabricated using 
different amount of Al2O3 nanoparticels to determine Al2O3 content by oxidation in air. 
Figure 2.3 indicates the morphology change of PEA/PMMA/Al2O3 composites as 
a function of Al2O3 nanoparticle contents in the composites. Although it is too hard to 
distinguish between PEA and PMMA domains in the blend (as shown in Figure 2.3A), 
the TEM micrographs of the nanocomposites show that the size of clusters constituted of 
Al2O3 nanoparticles dispersed in PEA/PMMA blends increases as a function of Al2O3 
nanoparticle contents. With randomly oriented Al2O3 particles at high fractions, there is 
not only strong interaction between particles, but also the randomness of the orientation is 
affected. Therefore the particles tend to stack together to forming larger clusters at high 
fractions.
20
 The hydroxyl groups on the surface of nanoparticles lead to this 
agglomeration of Al2O3 nanoparticles through the hydrogen bonds between the surface 
hydroxyl groups.
21,22
 The Al2O3 aggregates in PEA/PMMA/Al2O3 composites below ~5 
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wt% of Al2O3 (Figure 2.3B, C, and D) show individual domains, whereas they are 
interconnected above ~5 wt% of Al2O3 (Figure 2.3E, F, G, H, and I). 
 
Figure 2.3. TEM images of 1.5 g PEA/0.5 g PMMA/Al2O3 composites fabricated using 
different amount of Al2O3 nanoparticles; (A) 0, (B) 0.75, (C) 1.65, (D) 4.87, (E) 8.35, (F) 
9.92, (G) 10.03, (H) 12.27, and (I) 15.32 wt%. 
To confirm mechanical properties of the PEA/PMMA/Al2O3 nanocomposite, 
tensile tests are carried out using the composite specimens as a function of Al2O3 
concentration, 0 - 15.32% weight fraction. Figure 2.4 shows the strain-stress curves of the 
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nanocomposites, and the strain-stress behavior of specimens can be divided into two 
groups depending on Al2O3 concentration into the PEA/PMMA blend. The 
nanocomposite specimens with 0.75 - 4.87 wt% Al2O3 show ductile behavior, whereas 
other specimens with 9.92 - 15.32 wt% Al2O3 show quasibrittle behavior. Especially, 
with increasing the Al2O3 concentration, the ultimate tensile stress of each sample 
presents at lower strain. This is caused by the dispersion state of Al2O3 nanoparticles into 
PEA/PMMA blend matrix. At relatively high Al2O3 contents, the size of the Al2O3 
aggregates increases with increasing Al2O3 contents as shown in Figure 2.3. This is due 
to the tendency of nanoparticles to interact with each other due to surface forces. These 
interact through weak van der Waals’s forces creating clusters.22  Khalid et al.23 
researched that the clusters of fillers in the matrix play a role as the failure initiation sites, 
which can help in the propagation of the crack or fracture. 
The large Al2O3 clusters cause several partial failures under relatively low strain 
as the polymer matrix separates along Al2O3 clusters because the clusters act like large 
soft particles during the deformation process.
24
 Furthermore, the nanocomposites become 
stiff above ~5 wt% of Al2O3 because Al2O3 clusters are interconnected, and the stress-
strain relationship of the brittle samples is linear and the fracture strain is less than 4%. 
After the first fracture at ~3% strain, the PEA/PMMA matrix gradually separates from 
the Al2O3 particles and clusters as the strain continues to increase. Therefore, the strain-
stress curves show stair-shape after ~3% strain. 
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Figure 2.4. Strain-stress curves of 1.5 g PEA/0.5 g PMMA/Al2O3 composites as a 
function of Al2O3 nanoparticle contents in the composites. 
Figure 2.5A shows the effect of Al2O3 content on ultimate tensile strength of 
PEA/PMMA/Al2O3 composites. It illustrates that the tensile strength of the composites 
decreased with increasing of Al2O3 content. The decrease in strength properties with 
increasing the Al2O3 content is caused both by the effective matrix (PEA/PMMA blend) 
cross-section reduction and stress concentration increase. In addition, a lack of interfacial 
adhesion between the matrix and Al2O3 clusters leads to the decrease of the mechanical 
strength.
25
 The effect of Al2O3 loading on elongation at ultimate strength of the 
composites is depicted in Figure 2.5B. It shows that the elongation increases by addition 
of 1.65 wt% Al2O3 nanoparticles, whereas the elongation at over 1.65 wt% Al2O3 is 
dropped. As elongation is in inverse proportion to the stiffness of a material, the 
elongation results show that the Al2O3 nanoparticles impart a stiffening effect.
22
 The 
elongation values at over 1.65 wt% Al2O3 are even smaller than the value of neat 
PEA/PMMA blend. The reduction in elongation at ultimate strength implies that the 
ductility of PEA/PMMA has been suppressed by the presence of Al2O3 particles.  At low 
Al2O3 content (0.75 and 1.65 wt%), partial tensile strain can be transferred to Al2O3 
embedded in PEA/PMMA matrix and the ductile PEA/PMMA matrix can stretch under 
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tensile stress, which leads to the increase of elongation. When the amount of Al2O3 
particles in the matrix increases, more Al2O3 agglomerates form and thus more defects 
are introduced into the matrix. The increase of Al2O3 agglomerates leads to the decrease 
of elongation. The decrease in elongation at ultimate tensile strength comes from the fact 
that the deformation of the Al2O3 nanoparticles is generally much less than that of the 
polymer matrix. As a result, the polymer matrix is deformed more than the deformation 
of the overall composite.
26
 
Young’s modulus (stiffness) of the PEA/PMMA/Al2O3 composites can be 
determined from the stress-strain curves. The moduli are measured on the linear domain 
of the stress-strain curves. Figure 2.5C shows the variation of Young’s modulus for the 
composites as a function of Al2O3 nanoparticle contents in the composites. The Young’s 
modulus of the composites increased with the increase of Al2O3 nanoparticle loading by 
~10 wt% of Al2O3. Compared to the pure PEA/PMMA blend, the Young’s modulus of the 
9.92 wt% filled nanocomposite sample increased to approximately 47%. This indicates 
that the Al2O3 nanoparticles are acting as reinforcement in the PEA/PMMA blend matrix. 
However, the decrease in Young’s modulus of the composites above ~10 wt% of Al2O3 
can be interpreted by a change in the dispersion status of Al2O3 nanoparticels. It is 
believed that filler dispersion into the polymer matrix is of great importance for 
improving the mechanical behavior of composites. A higher filler loading is detrimental 
to its uniform dispersion in the polymer matrix. Transmission electron microscopy (TEM) 
images in Figure 2.3 showed that the size of the dispersed phases increases with 
increasing Al2O3 nanoparticle content in the composites. The aggregates of Al2O3 act like 
large soft particles during the tensile test. The agglomerated Al2O3 nanoparticles create 
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stress concentrations in the polymer matrix and therefore decreased the Young’s modulus; 
the poor bonding between the polymer chains and the agglomerations of Al2O3 
nanoparticles decreases the modulus.
27
 
 
Figure 2.5. Young’s modulus of 1.5 g PEA/0.5 g PMMA/Al2O3 composites as a function 
of Al2O3 nanoparticle contents in the composites. 
 
  
 37 
2.4 Conclusions 
Poly(ethyl acrylate) (PEA)/poly(methyl methacrylate) (PMMA)/aluminium oxide 
(Al2O3) nanocomposites are fabricated by the polymerization-induced phase separation to 
confirm the effect of their morphologies on mechanical properties. The dispersion state of 
Al2O3 in the PEA/PMMA blend matrix has a decisive effect on mechanical properties of 
PEA/PMMA/Al2O3 composite materials. With increasing of the Al2O3 content, the Al2O3 
clusters become bigger and form an interconnecting network.  
The small-sized clusters and individual clusters of Al2O3 into the composites 
improve the tensile strength as compared with neat PEA/PMMA blend due to interactions 
between the polymer chains and Al2O3 nanoparticles. On the other hand, the larger and 
interconnected clusters of Al2O3 bring several partial failures under relatively low strain 
as the polymer matrix separates along Al2O3 clusters because of the severe modulus 
mismatch between polymer and Al2O3 nanoparticles, and thus they cause the reduction of 
ductile behavior. 
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CHAPTER III 
FABRICATION OF POROUS CARBON/TIO2 COMPOSITES THROUGH 
POLYMERIZATION-INDUCED PHASE SEPARATION AND USE AS AN ANODE 
FOR NA-ION BATTERIES 
 
3.1 Introduction 
Batteries provide a relatively robust strategy for mobile energy storage with high 
energy densities for emergent green technologies.
1−4
 In particular, lithium-based batteries 
have dominated the development landscape because of the favorable roperties of lithium: 
lightweight, low redox potential, and small size for ease of insertion.
5, 6
 Much of the 
effort has focused on higher energy density devices with developments in lithium−O2
7
 
and lithium−sulfur8 batteries. However, one critical challenge for the adaptation of these 
technologies is cost.
9
 The increasing cost of lithium and its limited natural abundance has 
driven interest in the development of sodiumion batteries as a low-cost alternative to its 
lithium analog.
10, 11
 Unlike lithium, sodium is one of the most naturally abundant 
elements (6th most common) with a crustal concentration estimated to be 3 orders of 
magnitude greater than lithium. However, the potential battery performance is reduced 
for sodium relative to lithium. 
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The inferior performance of sodium can be primarily attributed to two factors: 
size and intrinsic mass per charge. The Na ion (1.06 Å) is about 40% larger than the Li 
ion (0.76 Å), which limits intercalation rate of Na and associated diffusion processes.
12
 
Second, the molar mass of sodium (23 g/mol) is more than 3 times that of lithium (6.9 
g/mol). One key metric is the specific capacitance on a mass basis. Both Na and Li ions 
carry the same charge (+1), so there is a large difference in efficacy of charge storage on 
a mass basis between these ions. Nonetheless for some applications, namely stationary 
energy storage,
10
 the low cost of sodium may provide sufficient advantage for 
adaptation.
13
 One advantage for sodium-ion battery development is the similarities 
between sodium and lithium ions.
14
 Prior work on lithium-ion batteries can provide 
insight into material selection for sodium-ion batteries. For example, spinel metal oxide 
phases that accommodate lithium insertion also tend to accommodate sodium.
15
 However, 
the thermodynamics and, more importantly, kinetic differences between these ions can 
lead to unexpected differences in performance between sodium and lithium.
11
 
One of the largest differences between sodium and lithium ions for batteries is the 
inability of sodium to intercalate in graphite, which is a common electrode for 
commercial lithium ion batteries.
11
 Despite these challenges, several common routes to 
the production of high performance sodium-ion batteries have been identified. Hard 
carbons, unlike graphite, can intercalate sodium. The performance of sodium ion batteries 
with these hard carbons can be comparable to graphite in lithium analogs.
16
 Significant 
enhancements in performance of Na-ion batteries can be obtained by use of spinel or 
layered metal oxides, in particular titanates.
12
 The architectural design of electrodes by 
inclusion of doped graphene sheets for charge transport with TiO2 nanoparticles can lead 
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to capacities exceeding 400 mAh/g for sodium ion batteries.
17
 Similarly, defective 
graphene sheets can produce capacities exceeding 1000 mAh/g.
18
 As an alternative to 
pure carbon, carbon fluorides are highly reversible and exhibit high performance (>750 
mAh/g).
19
 However, the use of specialty nanomaterials is counter to the low-cost 
motivation for sodiumion batteries. Relatively inexpensive starting materials, such as 
Prussian Blue,
20
 can yield modest (ca. 100 mAh/g) performance electrodes. One 
promising low-cost material is the family of titanates.
12
 However, the performance of 
titanium dioxide in sodium ion batteries is strongly dependent on the electrolyte,
21
 the 
nature and size of the TiO2,
22
 the binder,
23
 and the morphology associated with 
facilitating both ion and electron transport.
16, 17
  
One additional intriguing aspect about titania is its prevalence in existing 
commodity products, ranging from white pigment to the active component in sunscreen. 
This availability should lead to low material cost, but translating commercially available 
powders into a usable morphology for sodium ion batteries is still a challenge due to the 
nanostructure requirements for high performance. For example, titanium dioxide-based 
battery electrodes have been fabricated by electrochemical anodization of titanium to 
generate nanotubes from the surface
24, 25 
or direct growth of nanotubes from the current 
collector.
22
 For TiO2 nanoparticles, doped grapheme sheets have been demonstrated as 
one route to high performance through generation of porosity for Na-ion transport and 
improved electrical connectivity of the TiO2 nanoparticles to the current collector.
17
 This 
design is similar to those used for supercapacitors where the higher energy density of 
metal oxides is coupled with the improved electrical conductivity of carbons.
26
 Recently, 
carbon-doped mesoporous titania has been obtained using a titanium alkoxide as the 
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source for both the carbon and titania,
27
 which provides a benefit in terms of ease of 
fabrication. However, the cost of the alkoxide precursor may be problematic, similar to 
price considerations for the silica source for commercial zeolites.
28
 
In this work, an alternative method for fabrication of porous electrode materials 
containing carbon and TiO2 is proposed based on the phase separation of a filled polymer 
blend during polymerization. A renewable monomer, furfuryl alcohol (FA), is used as the 
carbon source and the initial solvent for dispersing TiO2 nanoparticles and dissolving the 
polymeric porogen, poly(hydroxybutyl methacrylate, PHBMA. Acid induces 
polymerization of the FA to poly(furfuryl alcohol), PFA.
29
 PFA produces a high yield of 
nongraphitizing char
30
 to form the carbon matrix, whereas PHBMA fully decomposes to 
yield pores during carbonization. The resultant porous carbon/TiO2 composite was tested 
as an anode material for sodium ion batteries. Significant improvement in performance is 
observed for the composite over either porous carbon or carbon-coated titania. We 
attribute this improvement to the hierarchical morphology developed during 
polymerization induced phase separation. This simple phase separation method for 
generating controlled porosity in carbon composites may be applied to other 
nanoparticle/polymer systems to generate materials for sodium-ion battery electrodes. 
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3.2 Experiment 
Materials. Titanium(IV) tetrachloride (TiCl4, Aldrich), benzyl alcohol (BzOH, 
anhydrous 99.8%, Aldrich), furfuryl alcohol (FA, 98%, Aldrich), diethyl ether 
(Anhydrous, Fisher Scientific), ethyl alcohol (EtOH, ≥ 99.5%, Aldrich), mesityl oxide 
(90%, Aldrich), N-methyl-2-pyrrolidone (NMP, 99.5%, Aldrich), and poly(vinylidene 
fluoride) (PVDF, Mn = 107 kDa, Aldrich) were used as received without further 
purification. Poly(hydroxybuthyl methacrylate) (PHBMA, Mw = 100 kDa) was purchased 
from Scientific Polymer Products, Inc. and used as received. To generate the acid catalyst, 
a photoacid generator, Rhodorsil PI2074, was obtained from Promerus, LLC. For battery 
testing, sodium perchlorate (NaClO4, 98% Aldrich) dissolved in a 1:1 (w/w) mixture of 
ethylene carbonate (EC, 99%, Aldrich) and propylene carbonate (PC, 99.7%, Aldrich) 
was used as the electrolyte. Na metal (99.8%, Acros Organics) was used as the counter 
electrode and copper foil (0.025 mm thick, Puratronic) was used as a current collector of 
the anode electrode in the coin cells. 
Synthesis of TiO2. TiO2 nanoparticles were synthesized by alkyl halide 
elimination.
31
 Ethanol was added as a cosolvent for the TiCl4 to decrease the violence of 
the reaction and improve control of particle formation.
32
 In a typical synthesis, 6 mL of 
TiCl4 was slowly injected into 16 mL of EtOH. Under vigorous stirring, the ethanoic 
TiCl4 solution was subsequently slowly injected into 50 mL of BzOH that was preheated 
to 80 °C in a 250 mL round-bottom flash and allowed to react for 8 h at 80 °C under 
continuous stirring. The synthesized nanoparticles were separated by precipitation by 
addition of 30 mL of the reaction solution to 300 mL of cold diethyl ether (9 °C) and 
subsequent centrifugation (accuSpin400, Fisher Scientific) at 7000 rpm for 5 min. The 
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precipitate was redispersed into deionized water and EtOH using an ultrasonic cleaner 
(VWR symphony, operating frequency: 35 kHz, VWR International) to remove residual 
precursors and then collected again by centrifugation. This washing process was repeated 
5 times. 
Surface Modification of TiO2. The strong acidic surface of the assynthesized 
TiO2 nanoparticles acts as a catalyst for the polymerization of FA. In order improve 
control of the polymerization, a poly(furfuryl alcohol), PFA, shell was fabricated around 
the TiO2 nanoparticles prior to production of the composite. In a typical synthesis, 1 g of 
TiO2 was dispersed in a solution of mesityl oxide (20 mL) and FA (0.5 mL), and the 
suspension was stirred at 60 °C for 6 h. FA was polymerized on the surface of TiO2 and 
then the PFA-coated TiO2 was collected by centrifugation at 7000 rpm for 5 min. 
Fabrication of PHBMA/PFA/TiO2 Composites. To fabricate composites, we 
dissolved 0.35 g of PHBMA in a mixture of 0.3 g of FA and 0.2 g of EtOH; 0.3 g of PFA-
coated TiO2 was ultrasonically dispersed in 0.3 g of EtOH and 1.5 mg of Rhodorsil 
PI2074 was dissolved in this solution. This dispersion was mixed with the polymer 
solution and cast into a PTFE Petri dish. FA polymerization was induced by broadband 
UV (Spectroline, 4500 μW/cm) exposure. The polymerization of FA was allowed to 
proceed at 60 °C for 10 min. After the polymerization, the composite was pyrolyzed at 
900 °C under a N2 atmosphere with controlled heating steps of 1 °C/min to 650 °C, held 
at 650 °C for 3 h, 1 °C/min to 900 °C, and held at 900 °C for 1 h. The temperature was 
then cooled at 3 °C/min to room temperature. 
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Characterization. Fourier-transform infrared spectroscopy (FTIR, Nicolet iS50, 
Thermo Scientific) was used to characterize the chemistry of the TiO2 nanoparticles and 
the composite powders using diffuse reflection (Praying Mantis DRP accessory), 512 
scans, and a deuterated L-alanine doped triglycine sulfate (DLaTGS) detector. The 
chemical composition of the composites was also assessed with X-ray photoelectron 
spectroscopy (XPS, PHI 5000 Versa probe II scanning XPS microprobe, ULVAC-PHI 
Inc.). The scans were recorded at a takeoff angle of 45°, probing approximately 10 nm 
into the surface of the thin films. The morphology of the samples was elucidated using 
transmission electron microscopy (TEM, JSM-1230, 120 kV, JEOL). Cross-sections of 
the composites embedded in epoxy resin (Embed-812 Resin, Electron Microscopy 
Sciences) that was hardened at 60 °C for 12 h were prepared by an ultramicrotome 
(PT−PC PowerTome, RMC) using a diamond knife at room temperature. The sliced 
specimens were approximately 70 nm thick and supported on a 3.05 mm Cu grid (01753-
F, TED PELLA, Inc.) for TEM characterization. To determine the size of pristine and 
PFA-coated TiO2 particles, the TEM micrographs were analyzed in ImageJ. The area of 
these PFA-coated TiO2 particles was used to calculate an effective diameter with 20 
particles examined to obtain statistics. For compositional information, the composite 
materials were dried overnight in a vacuum oven at 85 °C and thermogravimetric analysis 
was performed on TGA Q50 (TA Instrument) with a heating rate of 20 °C/min to 700 °C 
in air to confirm the carbon and TiO2 composition. Nitrogen adsorption/desorption 
isotherms were obtained at 77 K using a Micromeritics TriStar II instrument. The specific 
surface area of samples was calculated by the Brunauer−Emmett−Teller (BET) method33  
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and the pore size distribution was determined from the adsorption isotherm using the 
Barrett−Joyner−Halenda (BJH) method.34 
Battery Fabrication and Testing. The carbonized materials were ground by 
mortar and pestle into a powder. The carbon/TiO2 composite, carbon black (N330, Sid 
Richardson Co.), and PVDF (binder) were mixed with a small amount of NMP to form 
concentrated slurry at 85:5:10 (w/w/w) ratio for the solids. Electrodes based on neat 
carbon (obtained without the addition of TiO2 nanoparticles) and carbon-coated TiO2 
were also prepared with the same methodology as controls. The slurry was coated onto 
copper foil using a Mayer rod (RDS 22) and the coated foil was dried overnight under 
vacuum at 80 °C. The dried coating on foil was punched to 13 mm (diameter) for the 
battery anode; a representative anode contained approximately 1.5 mg of active material. 
CR2032 coin cells (MTI Corporation) were assembled in an Ar-filled glovebox (O2 < 0.5 
ppm, H2O < 0.5 ppm) using the composite as the anode electrode, Na metal as the 
cathode electrode, Celgard 3501 (Celgard, LLC.) as the separator, and 1 M solution of 
NaClO4 in EC and PC (1:1 v/v) as the electrolyte. 
For testing the performance of the coin cells, galvanostatic charge and discharge 
experiments were performed with a battery tester (BST8-WA, MTI) at current densities 
between 21 and 440 mA/g. Two different half-cell potential windows were examined, 
0.01−2.00 V and 0.01−3.00 V vs Na/Na+, for the operation of the battery as both have 
been used previously for TiO2 based anodes for Na-ion batteries.
17, 21, 35, 36
 
Electrochemical impedance spectroscopy (EIS) analysis was conducted using an 
electrochemical workstation CHI660D (CH Instruments) with an applied amplitude of 5 
mV in the range of 100 kHz to 0.001 Hz after operating the electrodes for 70 cycles. 
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3.3 Results and discussion 
Figure 3.1 illustrates schematically the methodology associated with the 
production of the composite. First, the surface of the TiO2 nanoparticles is capped (see 
Figure 3.2) by exposure to dilute FA. The acidic surface of the as-synthesized TiO2 
induces polymerization of FA, even after the particles are rinsed with deionized water and 
EtOH several times. Without passivation of the TiO2, this polymerization leads to loss of 
control of the morphology of the composite. After this surface modification of the TiO2, 
the three primary components (PHBMA, FA, and TiO2) plus the photoacid generator are 
dispersed in solution. With the PFA-coated TiO2 nanoparticles, the mixture is stable until 
exposure to UV light. The PAG then produces a strong acid that induces polymerization 
of the FA. The increasing molecular weight of (P)FA on polymerization drives the phase 
separation of PFA and PHBMA, but TiO2 nanoparticles may limit the size scale because 
of the inherent surfactancy of nanoparticles.
37, 38
 Unlike bijels,
37
 this morphology is 
kinetically trapped by the decreasing mobility of the system as the FA polymerizes. 
 
Figure 3.1. Schematic illustration of morphology developed during the polymerization of 
FA after dispersing PFA coated-TiO2 nanoparticles and PHBMA in FA. Exposure to light 
triggers the condensation of FA by generation of acid. 
FT-IR has been employed to investigate the surface modification of TiO2 
nanoparticles by the PFA coating. As shown in Figure 3.2, the spectra for all samples 
show one broad band near 3600 cm
-1
 and a peak near 1100 cm
-1
 (black dotted boxes) 
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which corresponds to surface-adsorbed water and hydroxyl groups and surface vibrations 
of the Ti–O bonds, respectively.39 For PFA-coated TiO2, the absorption band at 2925 cm
-1
 
responding to –CH2 group between furan rings, 1025 and 1080 cm
−1
 responding to the 
=C–O–C= group of furan ring, 1570 and 1510 cm−1 responding to –C=C– of furan ring, 
and at the same time, a new absorption peak appears at 1700 cm
−1
 due to the –C=C– 
group in aromatic rings.
40
 These characteristic peaks indicate the modification of TiO2 is 
performed successfully. 
 
Figure 3.2. FT-IR spectra of as-synthesized (blue line) and PFA-coated TiO2 (red line) 
nanoparticles. 
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Figure 3.3 illustrates the structure of these materials from the nanoparticles to the 
final porous carbon/TiO2 composite material after pyrolysis. Figures 3.3A illustrates the 
as-synthesized anatase TiO2 nanoparticles, which have a mean diameter of 40 ± 7 nm. 
The crystalline nature of these TiO2 nanoparticles can be observed with high resolution 
TEM (see Figure 3.4). The exposure of these nanoparticles to dilute FA generates a shell 
of PFA around the TiO2 particles that approximately doubles the particle size to 98 ± 30 
nm (Figure 3.3B). Although a single TiO2 nanoparticle in each composite particle is most 
common, particles containing two or three TiO2 nanoparticles are also observed. 
Additional examples of these coated particles are shown in Figure 3.5. As shown in 
Figure 3.1, these coated nanoparticles are mixed with the PHBMA in FA. After 
polymerization of the FA, one polymer domain contains a majority of the TiO2 as shown 
in Figure 3.3C. This morphology is consistent with the expected phase separation of 
components. There is sufficient electron contrast between PHBMA (low electron density, 
light regions), PFA (higher electron density, dark gray region) and TiO2 nanoparticles 
(highest electron density, dark regions) to demonstrate that the TiO2 particles are located 
in only PFA domain as expected on the basis of their surface chemistry. This structure can 
be transformed into a porous carbon composite through pyrolysis as shown in Figures 
3.3D; this composite has a broad distribution of nanopores formed by the thermal 
decomposition of PHBMA, whereas the anatase nanoparticles are embedded in the 
carbon matrix. The role of these components can be confirmed by examining the binary 
mixtures of nanoparticles and FA or FA and PHBMA. Without PHBMA, the material 
does not contain large nanopores. Without the nanoparticle, large pores are still formed, 
which confirms the role of the PHBMA as the porogen. 
 49 
 
 
 
 
 
Figure 3.3. TEM images of (A) as-synthesized TiO2 particles, (B) PFA-coated TiO2 
particles, and the cross-section specimens of (C) PHBMA/PFA polymer blend 
embedding PFA-coated TiO2 and (D) the carbon/TiO2 composite. 
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Figure 3.4. High resolution TEM micrographs of the as-synthesized nanoparticles. The 
crystalline nature of these nanoparticles can be assessed by the lattice fringes present. 
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Figure 3.5. TEM images of the PFA-coated TiO2 particles; the mean size of TiO2 particles 
(white dashed-line circle) is approximately 40 ± 7 nm, and the PFA shell forms around 
TiO2 particles to almost double size. 
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Figure 3.6 demonstrates that the carbonized composite still contains anatase TiO2 
nanoparticles from XRD with strong diffraction peaks at 25° and 48°. These peaks are in 
good agreement with the standard spectrum for anatase (JCPDS no.: 84−1286).41 From 
TGA measurements (see Figure 3.7) in air, these composites contain 55 wt % titania. In 
comparison to many previous reports for hierarchical metal oxide-carbon composites for 
battery electrodes, the carbon content is high (ca. 45 wt%) as 15−30% carbon is 
typical.
42−44
 As little as 3% carbon has been reported,
45
 but similarly composites with 
50−50 metal oxide-carbon have exhibited good performance as electrodes.46, 47 One 
challenge associated with design of electrode materials is that the performance is driven 
by a plethora of both physical and chemical variables. 
In addition to the chemical composition, the porous nature of the carbon 
composite is a key attribute. In comparing the BET sorption isotherms between the 
carbon coated TiO2 nanoparticle and the composite obtained on polymerization induced 
phase separation (Figure 3.6B), there are several distinct features that demonstrate the 
difference in the morphology. First at low pressures, the sorbed volume is significantly 
greater for the composite. The BET surface area is 215 m
2
/g (Figure 3.6B) for the carbon 
composite, whereas only 36.6 m
2
/g for the carbon-coated TiO2. This surface area is 
slightly larger than hierarchically templated composite electrodes with both macroand 
meso-pores (3DOM/m).
42
 Second, the hysteresis loop at higher pressures associated with 
the emptying of the mesopores is not well-defined for the composite. As the hysteresis is 
associated with the “ink-bottle” effect48 associated with connecting pores limiting the 
desorption, transport in the pores of the composite should be less hindered. 
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Figure 3.6. (A) XRD profile for the carbon/TiO2 composite produced by carbonization of 
PHBMA/PFA polymer blend with embedded PFA-coated TiO2 and the standard spectrum 
of anatase TiO2 (JCPDS 84−1286, blue lines). (B) N2 adsorption and desorption 
isotherms of this porous carbon/TiO2 composite and the material formed by the carbon-
coated TiO2. (C) Pore size distributions for the two materials determined from the 
adsorption isotherms. 
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Figure 3.6C illustrates the pore size distribution calculated from the adsorption 
data. The hierarchical structure of the carbon composites derived from the polymerization 
induced phase separation is clearly shown with micropores, small (ca. 4 nm) mesopores, 
and a broad distribution of mesopores that extend into the macropore regime. This pore 
structure could provide a route for high-performance electrodes because of their 
relatively high surface area and lack of significant bottlenecks in the pore structure for the 
transport of ions. 
To understand the impact of the hierarchical structure on the battery performance, 
we compared galvanostatic charge/discharge behavior of the carbon/TiO2 composite to 
that of both porous carbon obtained from the polymerization of FA without the TiO2 
nanoparticles and carbon-coated TiO2 without the additional FA and PHBMA. One 
significant difference is the carbon content between the carbon-coated TiO2 (4 wt %) and 
the porous carbon/TiO2 composite (45 wt %) as determined by TGA (see Figure 3.7).  
 
 
Figure 3.7. TGA curves to determine the carbon content by oxidation in air. 
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The general embedding of the TiO2 nanoparticles within the carbon matrix is 
confirmed by XPS analysis of these two materials, which indicate larger carbon content 
on the surface (see Figure 3.8). As shown in Figure 3.9A, the porous carbon/TiO2 
composite anode produces nearly three times the storage capacity compared to the neat 
carbon and carbon-coated TiO2 anodes. The small carbon content of the coated TiO2 (4 
wt %) should be sufficient for providing conductivity as only 3 wt % carbon previously 
was shown to be effective for battery electrodes,
45
 so this poor performance is likely not 
attributable to poor electrical conductivity. This result indicates that the hierarchical 
porous structure of the carbonized PHBMA/PFA/TiO2 blend and associated large surface 
area is likely responsible for the higher capacity of this anode material. The capacitance is 
relatively stable over the first 10 cycles for all three materials examined. For the 
composite electrode, the capacity was determined to be approximately 150 mAh/g at a 
rate of approximately 0.13 C. This capacity is similar to that obtained for hollow titania 
nanotubes,
22
 but without the need to synthesize this specialty nanomaterial. 
 
 
Figure 3.8. XPS spectra of carbon-coated TiO2 and carbon/TiO2 composite. 
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One potential route to increase the capacity is increasing the potential range for 
the cell. Previous work examining carbon and TiO2 materials for Na ion batteries used 
half cells in ranges of either 0.01−2.0 V21, 35 or 0.01−3.0 V17, 36 vs Na/Na+. Increasing the 
potential window provides the potential for energy gains, but also for parasitic faradaic 
reactions at the electrode to the detriment of performance. Figure 3.9B and 3.9C illustrate 
the difference in the typical Galvanostatic charge−discharge profiles of the carbon/TiO2 
composite for these two potential ranges at a current density of 21 mA/g (approximately 
0.13 C). In both cases, there is a decrease in capacity after the first cycle, which is 
attributed to the side reactions of electrolyte and the formation of solid electrolyte 
interphase (SEI).
49
  
On the basis of calculations, insertion of Na into TiO2 at potentials greater than 
2.5 V should not be reversible,
50
 but high-capacity and high-rate sodium-ion batteries 
based on titania have been reported using a higher potential (3 V).
36
 To investigate this 
behavior, we can examine the time dependence of the potential during charge and 
discharge: smooth increase and decrease in potential is found for the 0.01−2.0 V potential 
window, but there is a shoulder in the charging curve when using 0.01−3.0 V (see Figure 
3.10). The nonideal behavior in these electrodes occurs at approximately 2.4 V, which 
agrees with the theoretical limit.
50
 Interestingly, after 10 cycles, the discharge capacity is 
still enhanced for the larger potential range by nearly 15% (180 mAh/g and 156 mAh/g). 
This suggests that the enhanced capacity may originate from better wetted electrodes at 
high potential. Sodium-ion insertion into the nanopores does not appear to be a major 
charge storage mechanism with these materials, as no clear voltage plateau exists.
51 
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Figure 3.9. (A) Discharge capacity changes of neat carbon, carboncoated TiO2, and 
carbon/TiO2 composite during 10 cycles of galvanostatic charge−discharge behavior with 
a potential window of 0.01−2.0 V at a current density of 21 mA/g, and galvanostatic 
charge (black line)−discharge (red line) profiles of carbon/TiO2 composite for selected 
cycles (1st, 5th, and 10th) with different potential ranges at a current density of 21 mA/g; 
(B) 0.01 to 2.0 V and (C) 0.01 to 3.0 V. 
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Figure 3.10. Galvanostatic charge/discharge behaviors of carbon/TiO2 composites in 
different potential ranges of 0.01–2.0 V (A) and 0.01–3.0 V (B) at a current density of 42 
mA/g. 
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To further investigate the capacitive stability and reproducibility of these 
composite electrodes, we fabricated and tested new electrodes at the current density of 42 
mA/g (approximately 0.28 C) for 50 cycles (Figure 3.11A). The specific capacity is 
remains stable after 50 cycles, which indicates sodium ion uptake and release is highly 
reversible. The initial capacities are 155 and 133 mAh/g for 0.01−3 V and 0.01−2 V, 
respectively. These values are reduced from the prior electrodes, but this is expected as 
the current density is doubled. This difference in capacity is not due to reproducibility 
issues as will be discussed later. The high reversibility (>90%) of these composite 
materials and the limited decrease in capacity with increasing rate lend itself to 
examining the performance limits for these composite materials. 
Figure 3.11B illustrates the impact of charge−discharge rate on the capacity of the 
carbon/TiO2 composite anode. Increasing the current density from 21 mA/g (about 0.13 C) 
up to 440 mA/g (about 3.8 C) decreases the capacity of the material from 173 mAh/g to 
68 mAh/g (for 0.01 to 3 V). With 10 cycles at each current density, it is clear that the 
reversible capacity is stable for both potential windows examined for current density 
≤220 mA/g. Noticeable capacitance fade occurs at higher current densities. At 440 mA/g, 
the capacity for the two cells is indistinguishable despite the difference in the potential 
windows (see Figure 3.12). The capacity for the 0.01 to 3 V potential window fades faster 
than it does for the 0.01 to 2 V potential window at elevated current densities due to 
irreversible Na
+
 insertion at potentials greater than 2.5 V. These data demonstrate that 
these composite materials are effective electrodes for sodium ion batteries even operating 
at high rates (~5 C). 
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The specific capacity of these composites (120 mAh/g at 110 mA/g using cutoff 
voltage between 0.01 and 2.0 V vs Na/Na
+
) is 20% greater than that reported for TiO2 
nanocrystals intermixed with carbon (100 mAh/g at 100 mA/g using cutoff voltage 
between 0.01 and 2.5 V vs Na/Na
+
).
52
 Additionally, the high rate performance is typically 
hindered by the insertion and extraction of the large Na ions (1.02 Å) into the host 
structure.
36
 Hard carbons exhibit high capacity (300 mAh/g) at low rate (0.1 C), but the 
capacity significantly drops by almost one-third at 2 C.
53
 For the composite examined 
here, the capacity did not decrease by one-third until almost 5 C. Moreover, the 
Coulombic efficiency remains over 95% at all current densities and potential windows 
examined for the composites (Figure 3.11B). One final note is the recovery of the 
capacity at low rate after cycling at large current densities. Returning the current density 
to 21 mA/g after 60 cycles, the reversible capacities recover to 145 and 158 mAh/g, in 
comparison to the initial capacities of 150 and 173 mAh/g. The significantly greater 
decrease in capacity for the 0.01 to 3 V potential window is consistent with irreversible 
insertion at potential greater than 2.5 V.
50
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Figure 3.11. (A) Galvanostatic cycling at 42 mA/g of carbon/TiO2 halfcells with different 
potential ranges: (●) 0.01 to 2.0 V and (▲) 0.01 to 3.0 V. (B) Galvanostatic cycling at 
elevated current densities with different potential ranges: (●) 0.01 to 2.0 V and (▲) 0.01 
to 3.0 V. (C) Nyquist plot of the neat carbon (△) and carbon/TiO2 composite (○) 
electrode. 
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Figure 3.11C shows the EIS spectra of the neat carbon and carbon/TiO2 composite 
electrode after 70 cycles. These spectra provide insight into the charge storage processes 
in terms of surface (ion adsorption and desorption) and bulk (ion diffusion) reactions.
54
 
The Nyquist plots are fit using the equivalent electric circuit based on the standard 
Randles circuit model
55
 as shown in Figure 3.13. These fits provide evidence for two 
different SEI layers for the composite. These SEI layers are attributed to the carbon and 
titania surfaces in contact with the electrolyte. Interestingly if we compare the Nyquist 
plots for the carbon/TiO2 composite and neat carbon electrode, the charge transfer 
resistance is significantly less for the composite. We attribute this behavior to the faster 
Na ion diffusion in the carbon/TiO2 composite because of its hierarchical pore structure. 
 
 
Figure 3.12. Galvanostatic cycling at 440 mA/g of carbon/TiO2 half-cells with different 
potential ranges; (●) 0.01 to 2.0 V and (▲) 0.01 to 3.0 V. 
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Figure 3.13A shows an electric circuit model for the neat carbon electrode. The RS 
indicates the bulk resistance of electrolyte, separator, and electrode. The semicircle in the 
high-frequency region is R1//C circuits represented the SEI on carbon surface and the 
migration of Na ions through the passivation films.
56
 The low frequency spectrum 
beyond the semicircle is attributed to an interfacial charge transfer of Na
+
/Na with a 
resistance and double layer capacitance as well as Na ion diffusion impedance in active 
materials.
56
 The capacitive component, denoted as a constant phase element (CPE, Q), 
takes into account the surface roughness or porous structure of the electrode materials. W 
is the Warburg impedance that corresponds to the solid-state diffusion of the Na ion into 
the bulk anode. 
In common with the neat carbon electrode, an electric circuit model for the porous 
carbon/TiO2 composite electrode is shown in Figure 3.13B. The basic concept of the 
circuit elements is not different from the model of the neat carbon electrode. However, 
this composite anode electrode consists of carbon and TiO2 particles, and there are some 
TiO2 particles protruded from carbon surface. Therefore, it leads to two different SEIs 
(C1//R1 and C2//R2) on carbon and TiO2 surfaces. The interfacial charge transfer, Na ion 
diffusion impedance, and double layer capacitance for carbon and TiO2 are also 
considered individually, and thus they are presented by a combination of Q1//(R3-W1) and 
Q2//(R4-W2) circuits in series. FD is the finite length diffusion impedance at low 
frequency. 
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Neat carbon (A) Carbon/TiO2 composite (B) 
RS R1 R2 RS R1 R2 R3 R4 
13.2 299.8 335.9 14.8 44.8 142.8 0.001 142.5 
Figure 3.13. Equivalent circuit to fit the EIS data of (A) neat carbon and (B) carbon/TiO2 
composite electrodes. 
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3.4 Conclusions 
Porous composites were fabricated via a simple polymerization induced phase 
separation process using a renewable carbon source (furfuryl alcohol) and an earth 
abundant, readily available metal oxide (TiO2). This method provides a route to generate 
a low cost carbon/TiO2 composite for the active component for the anode electrode of a 
sodium ion battery. The carbon/TiO2 composite exhibited nearly 3-fold enhancement in 
capacity over porous carbon or carbon-coated TiO2. The composite exhibits excellent 
cycle performance with less than 10% fade in capacitance observed even at high 
charge/discharge rates up to approximately 5 C (440 mA/g). The reversible capacity and 
excellent cycling stability of the carbon/TiO2 electrode illustrates the potential of this 
simple polymerization induced phase separation method for the fabrication of functional 
materials. 
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CHAPTER IV 
USING POLYMER BLENDS TO TUNE THE MORPHOLOGY OF NANOPOROUS 
CARBON/TIO2 COMPOSITES FOR SODIUM ION BATTERIES 
 
4.1 Introduction 
In these days, lithium ion batteries have reigned over energy storage devices due 
to their high energy density and capacity, which come from the lightweight and low redox 
potential of lithium.
1-4
 However, the high extraction costs and limited reserves of lithium 
bring one of the critical challenges for lithium ion batteries.
5-7
 Unlike lithium, sodium is 
the 6
th
 most abundant element estimated to be 3 orders of magnitude greater than 
lithium.
7
 Owing to the abundance of sodium, sodium ion batteries have been spotlight 
recently as an alternative to lithium ion batteries, even though the sodium has two major 
drawbacks compared to lithium. First, the larger size of sodium (1.06 Å) compared to 
lithium ion (0.76 Å) hinders the intercalation and diffusion of Na
+
 into electrodes.
8
 
Second, the sodium has 3 times heavier molar mass (23 g/mol) compared to lithium (6.9 
g/mol), which produces the decrease of the specific capacity.
7
 However in applications 
where cost dominates weight restrictions, such as grid energy storage, and in emergent 
markets, sodium ion batteries provide significant promise for energy storage. 
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Due to its low cost and abundance, hard carbon is a commonly used anode 
materials for sodium ion batteries.
9-11
 A rate capacity between 100 and 300 mAh/g has 
been generally obtained for hard carbons, with the capacity dependent on both the 
allotrope and morphology,
7, 12-14
 although Ponrouch et al.
11
 have recently demonstrated a 
hard carbon anode with capacity surpassing 320 mAh/g. One intrinsic limitation 
associated with carbon is its limited charge storage on a volumetric basis (low mass 
density). Therefore, alternative materials for sodium ion battery anodes have been 
examined to obtain higher capacity. In particular, titanium dioxide (TiO2) has been 
studied as an anode material in sodium ion batteries
8,15-19
 due to its high power density 
compared to carbon materials, low cost, long cycle life, and ecofriendliness.
8, 15-19
 
However, the electrical conductivity of TiO2 is low. Therefore, composite anode materials 
for sodium ion batteries that combine the merits of carbon and TiO2 have been 
extensively investigated.
20, 21
 For example, Yang et al.
22
 fabricated N-doped TiO2 
nanorods decorated with carbon dots with capacity of ~250 mAh/g, and carbon-coated 
TiO2 nanoparticles by Jiang et al.
23
 exhibited a capacity of ~240 mAh/g. Alternative 
composites based on nanosized binary elemental alloys such as SnSb/C (435 mAh/g)
24
 
and Sn–SnS–C (664 mAh/g)25 can provide further improvements in the capacity, but at 
the expensive of cost and environmental impact. 
A significant challenge with the development of high performance composite 
electrodes for sodium ion batteries is to understand how the morphology impacts the 
performance.
26
 Ionic and electronic conduction pathways are critical to develop to enable 
high performance, while high surface area electrodes imply a high contact area with the 
electrolyte, which should ease the ions flux across the electrode/electrolyte interface.
27, 28
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However, the long term performance of high surface area electrodes is limited in many 
cases by the generation of the solid electrolyte interphase (SEI) layer. The SEI layer 
formation consumes electrolyte and alkali metal ions
29
 and tends to result in an 
irreversible capacity loss during the initial charge cycle. However, the SEI layer is 
generally electronically insulating and ionically conducting to protect the electrolyte from 
further decomposition if the SEI is stable.
30
 Agubra et al. have demonstrated that the 
electrolyte decomposition and subsequent SEI layer formation on an anode electrode 
increases the impedance in lithium ions.
31
 Recently, analysis of the SEI formation on 
Na2Ti3O7 anodes revealed the reaction between a standard binder (polyvinylidene 
difluoride) and the electrolyte that leads to an unstable SEI layer.
32
 However, the 
interplay between morphology and SEI layer formation in composite electrodes has not 
been thoroughly investigated for sodium ion batteries. 
Here, we investigate the interplay between morphology, SEI formation and 
performance for carbon/TiO2 composite anode electrodes for sodium ion batteries. The 
reversible capacity of these anodes for sodium ion batteries(< 130 mAh/g) is inferior to 
the state-of-the-art for carbon/TiO2 (e.g. 155 mAh/g for microsphere C-TiO2
33
 and 242 
mAh/g for carbon-coated TiO2 nanoparticles
23
), but the fabrication of these composites is 
simple and tunable, based on polymerization-induced phase separation using inexpensive 
and commercially available materials. This method enables identification of key 
morphological aspects that impact the performance of the composites. In this case, 
commercial TiO2 nanoparticles are dispersed in furfuryl alcohol solution containing 
poly(hydroxyethyl methacrylate), PHEMA, and a photoacid generator (PAG). UV 
exposure generates a superacid to induce polymerization to poly(furfuryl alcohol), PFA; 
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PFA provides the carbon matrix of non-graphitizing char,
34
 while PHEMA fully 
decomposes to yield pores during carbonization. The morphology of these porous 
carbon/TiO2 composites can be readily controlled using the molecular weight of the 
PHEMA and relative concentration of components. This simple route to modulate the 
morphology enables improved understanding of the SEI formation in these composites 
for sodium ion batteries. 
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4.2 Experiment 
Materials. Furfuryl alcohol (FA, 98%), ethyl alcohol (EtOH, ≥ 99.5%), N-
methyl-2-pyrrolidone (NMP, 99.5%), and poly(vinylidene fluoride) (PVDF, Mn = 107 
kDa) were obtained from Sigma-Aldrich and used as received without further purification. 
Poly(2-hydroxyethyl methacrylate) (PHEMA) with nominal Mw = 20 kg/mol (20K), 300 
kg/mol (300K), and 1000 kg/mol (1000K) was purchased from Scientific Polymer 
Products, Inc. (Ontario, NY) and used as received. Titanium oxide (TiO2, anatase, 15 nm) 
was purchased from Nanostructured & Amorphous Materials, Inc. The TiO2 particles 
were separated from water by centrifugation (accuSpin
TM
400, Fisher Scientific) at 7000 
rpm for 5 min, and the highly concentrated TiO2 slurry was re-dispersed into deionized 
water and EtOH using an ultrasonic cleaner (VWR
®
 symphony
TM
, operating frequency: 
35 kHz, VWR International) to remove the surfactant dispersant and then collected again 
by centrifugation. This washing process was repeated 3 times. Rhodorsil PI2074 (CAS#: 
178233-72-2) was obtained from Promerus, LLC (Brecksville, OH) and used as the 
photoacid generator. Sodium perchlorate (NaClO4, 98%, Sigma Aldrich) dissolved in a 
1:1 (v/v) mixture of ethylene carbonate (EC, 99%, Sigma Aldrich) and propylene 
carbonate (PC, 99.7%, Sigma Aldrich) was used as an electrolyte for battery testing. Na 
metal (99.8%, Acros Organics) was used as the counter electrode and copper foil (0.025 
mm thick, Puratronic
®
) was used as a current collector of the anode electrode in the coin 
cells. 
Fabrication of PHEMA/PFA/TiO2 composites. In order to fabricate the 
composites, 0.35 g of PHEMA was dissolved in a mixture of FA (0.2, 0.3, 0.5, or 0.7 g) 
and 0.2 g EtOH. 0.3 g of TiO2 was ultrasonically dispersed in 0.3 g EtOH and 1.5 mg of 
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Rhodorsil PI2074 was dissolved in this suspension. This mixture was combined with the 
polymer solution and cast into a PTFE petri dish to a thickness of ~0.2 mm. FA 
polymerization was induced by broadband UV (Spectroline, 4500 μW/cm) exposure and 
polymerization was carried out at 60 ºC for 10 min. The composite was pyrolysed at 900 
ºC in N2 at 1 ºC/min to 650 ºC with 3 h hold at 650 ºC, 1 ºC/min to 900 ºC, and then hold 
at 900 ºC for 1 h. The temperature was then decreased at 3 ºC/min to room temperature. 
Characterization. The morphology was characterized by transmission electron 
microscopy (TEM, JSM-1230, 120 kV, JEOL). Cross-sections of the composites, 
approximately 70 nm thick, were prepared by ultramicrotome (PT-PC PowerTome, RMC) 
using a diamond knife. To enable microtomed samples, the composite was embedded in 
epoxy resin (Embed-812 Resin, Electron Microscopy Sciences) that was hardened at 60 
ºC for 12 h. The specimens were supported on a 3.05 mm diameter Cu grid (01753-F, 
TED PELLA, Inc.). The mobility of precursor during FA photopolymerization is 
characterized by a viscometer (Rotonetic
TM
 2 drive, Bohlin Gemini). During the 
measurement of viscosity, the OmniCure
®
 S2000 (200 W Mercury Arc, Lumen 
Dynamics) is used as the UV light source for FA photopolymerization. The pore texture 
was elucidated by Nitrogen adsorption/desorption isotherms (Micromeritics TriStar II 
instrument) at 77 K to determine the specific surface area by the Brunauer-Emmett-Teller 
(BET) method. The composition of the composite was estimated from thermogravimetric 
analysis TGA Q50 (TA Instrument) with a heating rate of 20 ºC/min to 700 ºC in air. To 
avoid excess water in the sample, the composite materials were dried overnight under 
vacuum at 85 ºC. All mass loss was attributed to removal of carbon. Powder X-ray 
diffraction was used to confirm the crystal structure of TiO2 particles by Ultima IV 
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(Rigaku, Japan) (operating at 40 kV and 35 mA, Cu K radiation) with scanning range 
20°-60°, a step size of 0.04° and a rate of 1°/min. To conduct quantitative XRD, relative 
intensity ratio (RIR) method was used. The RIR values are determined by the following 
equation 
  
  
  
  
  
 
where, I and I are characteristic peak intensities of  and  phases, W and W are 
weight fractions of  and  respectively. K is a constant determined by calibration curve 
with known samples.
35
 The chemical composition of the neat and charge-discharge 
cycled carbon/TiO2 composite anodes was probed with X-ray photoelectron spectroscopy 
(XPS, PHI 5000 Versa probe II scanning XPS microprobe, ULVAC-PHI, Inc.) at a 
takeoff angle of 45 using pass energy of 11.75 eV at 2×10
-6
 Pa. High resolution scans at 
energies associated with C1s and O1s were performed to understand differences in the 
oxidation states. Each spectrum was collected using a monochromatic (Al Kα) x-ray 
beam (1486 eV) over a 200 μm diameter probing area. The peaks in the XPS spectra were 
fit using PHI MultiPak software. 
Battery fabrication and testing. The carbonized composite materials were 
ground by mortar and pestle into a powder and mixed with carbon black (N330, Sid 
Richardson Co.), and PVDF (binder) at 85:5:10 (w/w/w) ratio for solids. A small amount 
of NMP (~0.03 g) was added to generate a concentrated slurry. The slurry was coated 
onto 13 mm (diameter) punched copper foil using a Mayer rod (RDS 22) and the coated 
foil was dried overnight in vacuum at 80 ºC. Representative anodes contained 
approximately 1.5 mg of active material. CR2032 coin cells (MTI Corporation) were 
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assembled in an Ar-filled glove box (O2 < 0.5 ppm, H2O < 0.5 ppm) using the composite 
on copper foil as the anode electrode, Na metal as the cathode electrode, Celgard® 3501 
(Celgard, LLC.) as the separator, and 1 M solution of NaClO4 in EC and PC (1:1 v/v) as 
the electrolyte.  
The performance of the coin cells was determined using galvanostatic charge and 
discharge experiments with a battery tester (BST8-WA, MTI) at current densities 
between 10 and 50 mA/g. The potential window used was 0.01 - 2.0 V vs. Na/Na
+
, 
consistent with prior studies for Na-ion batteries using TiO2 as the active anode.
7, 16, 21
 
Cyclic voltammetry (CV) and electrochemical impedance spectroscopy (EIS) analysis 
were carried out in CR2032 coin cells using an electrochemical workstation CHI660D 
(CH Instruments). The CV was done in a potential range of 0.01 - 2.0 V at a scan rate of 
0.1 mV/s, and the EIS was conducted with applied amplitude of 5 mV in the range of 100 
kHz to 0.01 Hz after operating the electrodes for 30 or 40 cycles. 
For the SEI layer characterization, the cycled coin cells were carefully opened 
using a disassembling machine (MSK-110D, MTI), and the carbon/TiO2 composite 
electrodes were briefly rinsed by propylene carbonate and subsequently ethanol. The 
rinsed electrodes were dried and stored in a vacuum oven at 80 ºC before analyses. The 
electrodes compared with the cycled electrodes are also produced using the concentrated 
slurry with carbon/TiO2 composite, carbon black, PVDF, and NMP. And then they were 
assembled as coin cells with sodium metal, separator, and electrolyte. These control coin 
cells also were disassembled, and then the control electrodes were rinsed, and dried. 
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4.3 Results and discussion 
Figure 4.1A illustrates the N2 adsorption–desorption isotherms for the 
carbon/TiO2 composites fabricated with varying molecular weight of PHEMA. These 
materials all exhibit type IV isotherms with a hysteresis loop at high relative pressures, 
P/P0.
35
 For the small molecular weight PHEMA, the hysteresis loop closes near P/P0 ~ 
0.9, which suggests the primary pores are connected by large mesopore windows. 
Conversely, the composite fabricated with the high molecular weight (1000K) PHEMA 
exhibits a much broader hysteresis loop that does not close until P/P0 ~ 0.4. This suggests 
a broad distribution in window size between primary pores with small mesopores 
connecting the larger pores. The surface area of these composites increases with the 
molecular weight of PHEMA from 43.03 (20K) to 63.83 m
2
/g (1000K), which 
corresponds with changes in morphology of the carbon/TiO2 composites (Figure 4.2). 
The pores of the carbon/TiO2 composite are significantly larger for the composite 
produced using 20K PHEMA (Figure 4.2A) than the carbon/TiO2 composites from 300K 
(Figure 4.2B) and 1000K PHEMA (Figure 4.2C). The morphology of porous carbon/TiO2 
composites pyrolyzed from PHEMA/FA/TiO2 appears to be controlled by the mobility of 
the precursor suspension that decreases as the molecular weight of PHEMA increases. 
The mobility of precursor is estimated through a viscosity of the solution, and is 
measures by a viscometer during FA polymerization. The results are shown in Figure 4.3. 
The viscosity of all solutions increases in process of the polymerization time. Especially, 
higher viscosity is shown at the solution using higher molecular weight of PHEMA. It 
indicates that the mobility of the precursor is hindered more by higher molecular weight 
of PHEMA. Additionally, agglomeration of the TiO2 nanoparticles increases as the 
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molecular weight of PHEMA increases. In these cases, the nanoparticles appear to be 
pushed towards pore interface in the carbon matrix. 
 
Figure 4.1. (A) N2 adsorption and desorption isotherms, (B) Galvanostatic 
charge/discharge behavior of neat TiO2 and porous carbon/TiO2 composites from 20K, 
300K, and 1000K PHEMA in a potential range of 0.01–2.0 V at a current density of 10 
mA/g, (C) Galvanostatic cycling, and (D) Nyquist plots of the porous carbon/TiO2 
composite fabricated using 0.35 g PHEMA/0.3 g FA/0.3 g TiO2 as a function of 
molecular weight of PHEMA: 20K (○), 300K (□), and 1000K (△). 
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Figure 4.1B is the galvanostatic charge-discharge behavior of the neat TiO2 and 
carbon/TiO2 composites from 20K, 300K, and 1000K of PHEMA. The porous 
carbon/TiO2 composite anodes provide much more stable glavanostatic charge-discharge 
behavior and higher capacity value compared to TiO2 anode produced with carbon black, 
PVDF, and NMP as shown in Figure 4.4. The poor cycling performance of the TiO2 
anode is caused by the structural changes during the insertion/desertion of sodium.
37
 
Especially, the profiles of TiO2 anode during charging (Figure 4.4A) are rough compared 
to those of carbon/TiO2 composite anode (Figure 4.4B). It suggests that insertion of Na 
into TiO2 should not be reversible. 
Figure 4.1C illustrates the impact of molecular weight of PHEMA used in the 
fabrication of the anode on the capacity of the porous carbon/TiO2 composite anodes for 
a range of charge−discharge rates. Although high surface area generally improves the 
capacity by increasing the flux across the electrode/electrolyte interface,
27
 the capacity of 
these porous carbon/TiO2 composite anodes decreases with increasing surface area. This 
behavior is somewhat surprising as the capacitive fade on cycling is quite small as shown 
in Figure 4.1B. The capacity is stable for all materials examined after approximately 10 
cycles. Increasing the current density from 10 mA/g (about 0.1 C) up to 50 mA/g (about 
0.8 C) decreases the capacity for all samples; however, the highest capacity is always 
found for the composite fabricated with the lowest molecular weight PHEMA. 
Figure 4.1D shows the EIS spectra of the carbon/TiO2 composite electrodes after 
40 charge-discharge cycles as a function of the molecular weight of PHEMA used in their 
fabrication. These spectra provide insight into the surface (ion adsorption and desorption) 
and bulk (ion diffusion) processes associated with charge storage.
38
 Nyquist plots for 
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these electrodes exhibit a semi-circle at high frequency and then a linear increase at low 
frequency associated with the Na
+
 ion diffusion in the anode material (Warburg 
impedance).
39
 As the molecular weight of PHEMA increases, the diameter of semi-circle 
increases (increased the charge transfer resistance
9
). Additionally, the ohmic resistance, 
R, associated with the bulk carbon, grain boundary and interface resistances determined 
at high frequency (Z’ ~ tens of ) increases slightly as the molecular weight of the 
PHEMA used in the fabrication increases. This behavior is somewhat unexpected as the 
composition for the electrodes are identical. This increased R suggests that the extent of 
the SEI formation is dependent on the pore morphology. The higher surface area 
electrodes exhibit increased resistance from both R and the SEI layer. At low frequency 
after the semi-circle, the impedance is associated with the semi-infinite diffusion of the 
Na
+
 ions. However, the impedance for the composite fabricated with the highest 
molecular weight PHEMA behaves unexpectedly with Z’’ nearly independent of Z’. This 
decrease of Warburg slope (semi-infinite diffusion) as a function of the molecular weight 
of PHEMA is directly to the diffusion limitations of the system.
40
 
 
Figure 4.2. TEM micrographs of porous carbon/TiO2 composites fabricated with (A) 20K, 
(B) 300K, and (C) 1000K PHEMA using 0.35 g PHEMA/0.3 g FA/0.3 g TiO2 for the 
precursor.  
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Figure 4.3. Viscosity variation of FA/PHEMA solutions with different molecular weight 
of PHEMA during FA polymerization. 
 
 
 
 
 
Figure 4.4. Galvanostatic charge/discharge behavior of (A) TiO2 and (B) carbon/TiO2 
composites from 20K of PHEMA and 0.3 g of FA in a potential range of 0.01–2.0 V at a 
current density of 10 mA/g. 
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An electric circuit model for the porous carbon/TiO2 composite electrode is 
shown in Figure 4.5. RS indicates the bulk resistance of electrolyte, separator, and 
electrode. These composite anode electrodes consist of carbon and TiO2 particles. 
According to the previous study,
7
 the carbon and TiO2 particles lead to two different SEIs 
(C1//R1 and C2//R2). In addition, the interfacial charge transfer, Na ion diffusion 
impedance, and double layer capacitance for carbon and TiO2 are considered individually, 
and thus they are presented by a combination of Q1//(R3-W1) and Q2//(R4-W2) circuits in 
series. FD is the finite length diffusion impedance. 
The formation of SEI layer is further investigated through cyclic voltammetry as 
shown in Figure 4.6. The redox peaks were observed between 0.01 and 1.0 V owing to 
the insertion and extraction of sodium ion at the carbon/TiO2 composite.
41
 In the first 
cathodic scan, the current peaks at over 1.0 V are observed, whereas these peaks 
disappear in the second scan. This is attributed to the irreversible formation of the SEI 
layer at the first cycle.
41
 The peaks fade away with increasing the charge/discharge cycle 
numbers, and the charge/discharge cycles have stabilized after 10 cycles. 
To confirm the change of TiO2 polymorphs during carbonization, XRD was used 
as shown in Figure 4.7. It demonstrates that the carbonized composite still contains 
anatase TiO2 nanoparticles from XRD with strong diffraction peaks at ~26° and ~48°. 
These peaks are in good agreement with the standard spectrum for anatase (JCPDS no.: 
84−1286).42 Although the content of rutile TiO2 increases from 1.7 % to 10.4 % after 
carbonization of PFA/PHEMA/TiO2 composite, over 91 % of anatase-TiO2 remains 
without transformation. The Rutile TiO2 has strong diffraction peaks at ~28°, ~36° and 
~54° (JCPDS no.: 76-1940).
43
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 RS () R1 () R2 () R3 () R4 () C1 (F) C2 (F) Q1 (S·s
n) Q2 (S·s
n) W1 (S·s
1/2) W2 (S·s
1/2) 
PHEMA 20K 3.9 3.0 10 4.1 102 2.1 1.8 10 3.6 10-1 7.0 10-6 1.3 10-5 4.3 10-3 4.3 10-2 4.2 10-4 
PHEMA 300K 1.5 10 3.5 102 4.2 102 4.7 102 9.3 3.0 10-5 9.2 10-6 2.6 10-4 1.8 10-2 1.8 105 4.5 10-12 
PHEMA 1000K 2.5 10 3.9 102 2.3 102 2.9 102 3.4 10 1.5 10-5 6.4 10-6 8.9 10-4 9.7 10-5 2.1 10-2 1.3 104 
FA 0.2 g 3.4 2.4 102 2.0 102 1.0 10-1 1.2 10 1.1 10-5 4.0 10-5 1.0 10-12 5.3 10-3 1.6 10-2 2.0 102 
FA 0.3 g 3.9 3.0 10 4.1 102 2.1 1.8 10 3.6 10-1 7.0 10-6 1.3 10-5 4.3 10-3 4.3 10-2 4.2 10-4 
FA 0.5 g 1.1 10 1.8 102 2.1 102 1.3 102 4.7 102 2.7 10-5 7.3 10-6 3.5 10-4 4.9 10-3 2.6 10-2 1.1 105 
FA 0.7 g 1.2 10 2.1 102 5.0 10 1.9 102 1.7 103 8.9 10-6 1.5 10-5 3.4 10-4 7.1 10-3 1.0 105 4.2 109 
Figure 4.5. Equivalent circuit to fit the EIS data of porous carbon/TiO2 composite 
electrodes and numerical values of the equivalent circuit components obtained for the 
impedance data. 
 
 
Figure 4.6. Cyclic voltammetry of the carbon/TiO2 composite from 20K of PHEMA at a 
scan rate of 0.1 mV/s with sodium metal as both counter and reference electrodes. 
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 Anatase Rutile 
Neat TiO2 98.3 % 1.7 % 
Carbon/TiO2 composite 89.6 % 10.4 % 
 
Figure 4.7. XRD profiles for the neat TiO2 and carbon/TiO2 composite produced by 
carbonization of PHBMA/PFA polymer blend with TiO2 and the standard spectrum of 
anatase TiO2 (JCPDS 84−1286, red lines) and rutile TiO2 (JCPDS 75-1753, blue lines).  
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Figure 4.8. TEM images of carbon/TiO2 composite anodes as-produced (left) and after 40 
charge-discharge cycles (right) fabricated with (A) 20K, (B) 300K, and (C) 1000K 
PHEMA using 0.35 g PHEMA/0.3 g FA/0.3 g TiO2 for the precursor. 
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To better understand the origins of the differences in impedance, Figure 4.8 
illustrates the morphology of the neat composite anodes (left) and after 40 charge-
discharge cycles (right) as a function of molecular weight of PHEMA used in the 
fabrication. Consistent with the N2 sorption isotherms, the neat composite anodes contain 
smaller pores as the molecular weight of PHEMA used in their fabrication increases (as 
shown in Figure 4.9). We attribute this pore size dependence to the mobility during the 
FA polymerization. These differences in the morphology significantly impact the SEI 
layer thickness from the decomposition of electrolyte as shown in Figure 4.8 with the 
smaller pore sizes leading to greater changes in the morphology observed by TEM. This 
behavior is consistent with SEI formation in lithium ion electrodes where the 
decomposition is proportional to the surface area of the carbon electrode.
44
 In examining 
the morphology after cycling, increased in dark spots in the TEM micrographs are 
attributed to the SEI layer due to its high electron density oxygen-rich substances, such as 
Na2CO3, R-OCO2Na, and R-CH2ONa.
45, 46
 As shown on right side panels in Figure 4.8, 
the density of these dark spots increases with increasing surface area. The thick SEI layer 
associated with the composite fabricated with high molecular weight PHEMA likely 
leads to the high impedance of the electrodes as shown in Nyquist plots (Figure 4.1D). 
In order to obtain complementary information about the SEI layer, XPS spectra 
are obtained after 40 charge-discharge cycles (as shown in Figure 4.10). The results from 
the XPS analysis are shown in Table 4.1 and the composition changes of C, O and Na 
between as-produced and cycled electrodes occur significantly due to the formation of 
SEI layer on the surface of electrodes at the first charge-discharge cycle. As a result, the 
molar ratio of O and Na to C after 40 charge-discharge cycles increases; for instance, the 
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molar ratio of C : O : Na for the composite anode fabricated with 20K PHEMA changes 
from 1 : 0.3 : 0 to 1 : 1.6 : 1.1 because of the decomposition of the electrolyte (a solution 
of NaClO4 in EC and PC) and the formation of the passivating SEI layer from the 
breakdown of the electrolyte on the surface of the electrodes.  
 
Figure 4.9. Pore size distribution of carbon/TiO2 composites fabricated with 20K, 300K, 
and 1000K PHEMA using 0.35 g PHEMA/0.3 g FA/0.3 g TiO2 for the precursor. 
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Figure 4.10. XPS spectra of neat (dash line) and 40 charge-discharge cycled (solid line) 
carbon/TiO2 composite anodes fabricated with (A) 20K, (B) 300K, and (C) 1000K 
PHEMA using 0.35 g PHEMA/0.3 g FA/0.3g TiO2 for the precursor. 
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Table 4.1. Surface elemental composition from XPS of carbon/TiO2 composite anodes 
fabricated with 20K, 300K, and 1000K PHEMA using 0.35 g PHEMA/0.3 g FA/0.3 g 
TiO2 for the precursor for the as-produced composite and after 40 charge-discharge 
cycles  
PHEMA 
As-produced Cycled 
C% O% Na% Ti% Cl% F% C% O% Na% Ti% Cl% F% 
20K 
64.3 
± 1.7  
20.1 
± 7.2 
0 
4.6 
± 2.1 
0 
16.7 
± 0.5 
27.1 
± 1.1 
42.7 
± 0.9 
29.3 
± 1.0 
0.1 
± 0.04 
0.7 
± 0.04 
0.2 
± 0.1 
300K 
70.8 
± 4.8 
16.3 
± 4.8 
0 
2.1 
± 0.2 
0 
10.2 
± 8.9 
28.2 
± 0.8 
43.9 
±1.6 
26.5 
± 0.5 
0.1 
± 0.03 
0.9 
± 0.1 
0.4 
± 0.1 
1000K 
82.7 
± 1.3 
13.6 
± 0.2 
0 
1.2 
± 1.2 
0 
2.3 
± 1.4 
36.7 
± 4.1 
40.5 
± 1.0 
22.0 
± 2.0 
0.1 
± 0.04 
0.5 
± 0.4 
0.3 
± 0.2 
 
To better understand the composition of the SEI layers, high-resolution XPS is 
used to investigate the 1s binding of C as shown in Figure 4.11. The strong C1s peak at 
~284.6 eV is assigned to C-C bonds in the electrode and the C-C bonds are expected to 
be present in the carbon component of the neat composite. The oxygen-rich components 
associated with the SEI layer formed by electrolyte (EC and PC) decomposition are 
associated with the C-O-C bonds at ~286.2 eV and O-C=O bonds at ~289 eV.
47, 48
 
Intriguingly, as a function of the molecular weight of PHEMA used (20K vs. 1000K) in 
their fabrication, the peak intensity and peak area of O-C=O decrease from 521 C/s (44 % 
of C area) to 330 C/s (26.2 % of C area), whereas the peak intensity and peak area of C-
O-C increase from 212 C/s (17.8 % of C area) up to 274 C/s (24.0 % of C area). The 
increases of C-O-C peak intensity and area are attributed to the electrolyte (EC and PC) 
decomposition, where the C=O bonds in EC and PC are reduced to C-O.
49
 The enhanced 
C-O-C bonds when the electrode is fabricated with higher Mn PHEMA is expected based 
on the TEM micrographs that illustrate the increased SEI formation for composites 
fabricated with the higher Mn PHEMA. 
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Figure 4.11. XPS spectra of carbon/TiO2 composite anodes after 40 charge-discharge 
cycles fabricated with (A) 20K, (B) 300K, and (C) 1000K PHEMA using 0.35 g 
PHEMA/0.3 g FA/0.3g TiO2 for the precursor. 
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Figure 4.12. (A) N2 adsorption and desorption isotherms, (B) Galvanostatic 
charge/discharge behavior of neat TiO2 and porous carbon/TiO2 composites from 0.2, 
0.3, 0.5, and 0.7 g FA in a potential range of 0.01–2.0 V at a current density of 10 mA/g, 
(C) Galvanostatic cycling, and (D) Nyquist plots of the porous carbon/TiO2 composite 
fabricated using 0.35 g PHEMA (20K)/FA/0.3 g TiO2 as a function of amount of FA: 0.2 
(◇), 0.3 (○), 0.5 (□), and 0.7 g (△). 
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As the best performance is found using the 20K PHEMA, which has the largest 
pore size, the mobility of the PHEMA appears to be the controlling factor for determining 
the morphology of the composites and thus 20K PHEMA is used for examining 
composition effects on performance. The carbon:TiO2 ratio can be easily modulated by 
the FA concentration in the precursor suspension. Figure 4.12A illustrates how the N2 
adsorption–desorption isotherms for the carbon/TiO2 composites are impacted by the 
concentration of FA used in their fabrication. At low concentration of FA (0.2 g), the 
surface area is at a maximum (74.1 m
2
/g), but then the surface area increases with 
increasing amount of FA in the precursor from a minimum of 43.0 (0.3 g) to 63.3 m
2
/g 
(0.7 g). The increase in surface area can be rationalized from the changes in morphology 
of the carbon/TiO2 composites (Figure 4.13), where the pore size generally decreases as 
the FA concentration increases. To explain the maximum in surface area at the lowest FA 
loading, Figure 4.13A illustrates that the carbon does not fully cover the nanoparticles; 
these exposed nanoparticles provide significant roughness that increases the surface area. 
Additionally, the porosity of this sample appears to be larger as evidenced by the 
enhanced N2 sorption in the isotherm at high P/P0. The pores of the carbon/TiO2 
composite are significantly larger for the composite produced using 0.3 g FA (Figure 
4.13B) than the carbon/TiO2 composites from 0.5 g FA (Figure 4.13C) and 0.7 g FA 
(Figure 4.13D). The Barrett-Joyner-Halenda (BJH) average pore sizes of the different 
composites using 0.3 g, 0.5 g, and 0.7 g of FA are ~24 nm, ~16 nm, and ~14 nm, 
respectively. For this series of samples, the TiO2 nanoparticles are mostly covered by the 
carbon produced from the FA and thus the surface area scales inversely with pore size as 
expected (as the volume adsorbed is similar between the samples from Figure 4.12A). 
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Thus, the morphology of porous carbon/TiO2 composites pyrolyzed from 
PHEMA/FA/TiO2 can also be controlled by the amount of FA used in the synthesis, in 
addition to the PHEMA molecular weight. 
 
Figure 4.13. TEM micrographs of porous carbon/TiO2 composites fabricated with 0.35 g 
PHEMA (20K)/0.3 g TiO2/FA of (A) 0.2, (B) 0.3, (C) 0.5, and (D) 0.7 g for the 
precursor. 
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The galvanostatic charge-discharge curves of porous carbon/TiO2 composites 
produced from 0.2, 0.3, 0.5, and 0.7 g of FA are shown in Figure 4.12B with that of neat 
TiO2 anode. As with the composite anodes fabricated from different molecular weight of 
PHEMA, the carbon/TiO2 composites provide much more stable charge-discharge 
behavior and higher capacity value compared to neat TiO2 anode. From this galvanostatic 
behaviour, the discharge capacity of the porous carbon/TiO2 composite anodes is 
obtained. 
The change in both the composition of the active carbon/TiO2 composite 
anodes and the morphology impacts the capacity as illustrated in Figure 4.12C. As 
the current density increases from 10 mA/g (about 0.1 C) up to 30 mA/g (about 0.4 
C), there is a decrease in the capacity by approximately 25%, irrespective of the 
composition of the composite. As the theoretical capacity for TiO2 is greater than 
that for carbon, increasing the FA content, which provides the carbon yield, 
generally leads to a decrease in performance. The difference in carbon content is 
relatively small with the carbon content increasing from 12 to 18 wt% for the 
composites using 0.2 and 0.7 g FA (see Figure 4.14); there is only a 1 wt% 
difference in the carbon content between the composite using 0.3 g FA (15 wt% 
carbon) and 0.5 g FA (16 wt% carbon), but the capacity is significantly different at 
10 mA/g (115 mAh/g and 90 mAh/g, respectively).  However, there is also a 
concurrent increase in surface area, which is consistent with the decreased capacity 
from the molecular weight series (Figure 4.1C). The one exception is for the 
lowest FA content composite (0.2 g FA), which exhibits slightly lower capacity 
than the composite fabricated with 0.3 g FA; this material has the lowest carbon 
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content (12 wt%) and the highest surface area. Two probable reasons for the 
anomalous performance for this low carbon material are the limited carbon content 
leads to poor electrical conductivity, which limits the performance, and/or the 
difference in surface chemistry where more TiO2 nanoparticles are exposed, which 
could lead to a different SEI layer that limits Na
+
 transport. 
 
Figure 4.14. TGA curves of carbon/TiO2 composites with different amount of FA to 
determine the carbon content by oxidation in air. 
To better understand these differences in performance, the EIS spectra of the 
carbon/TiO2 composite electrodes after 30 charge-discharge cycles are examined (Figure 
4.12D). As the carbon content increases, the impedance decreases at high frequency. The 
electrode resistance decreases as evidenced by the decrease in the diameter of semi-circle. 
As the carbon content increases, the slope of the linear regions decreases at low 
frequencies. It indicates that the Na
+
 ion diffusion into the electrode is significantly 
hindered and the Na
+
 ion diffusion path in the electrode becomes longer at the higher 
carbon content. An electric circuit model for these porous carbon/TiO2 composite 
electrodes and numerical values of the equivalent circuit components obtained for the 
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impedance data are shown in Figure 4.5. To understand the origins for this behavior, the 
morphology and chemical changes of the cycled composite anodes are investigated by 
TEM and XPS. 
The change of morphology between neat and cycled composites is shown in 
Figure 4.15. The neat composite anodes (left side in Figure 4.15) contain smaller pores as 
the amount of FA used in their fabrication increases (as shown in Figure 4.16). The FA 
content controls the amount of carbon in the composites after pyrolysis of 
PHBMA/PFA/TiO2. From the TEM micrographs (right side in Figure 4.15), it is possible 
to distinguish the low electron density carbon (light), the oxygen-rich SEI layers (darker 
regions) and the TiO2 nanoparticles (almost black). Thus generally, the SEI layer content 
increases as the carbon content of the composite materials increases. However, the lowest 
carbon content composite anode (Figure 4.15A) appears to exhibit an increased SEI layer 
(dark spots) like composite anodes with higher carbon loading. We hypothesize that the 
exposed TiO2 nanoparticles lead to this increased SEI content. This is consistent with the 
slight decrease in the slope of the impedance curve for this sample (0.2 g FA) compared 
to the one with slightly more carbon (0.3 g FA). 
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Figure 4.15. TEM images of carbon/TiO2 composite anodes as-produced (left) and after 
30 charge-discharge cycles (right) fabricated with 0.35g PHEMA (20K)/0.3g TiO2/FA of 
(A) 0.2 g (12 wt% C), (B) 0.3 g (15 wt% C), (C) 0.5 g (16 wt% C), and (D) 0.7 g (18 wt% 
C). 
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Figure 4.16. Pore size distribution of carbon/TiO2 composites fabricated with 0.35 g 
PHEMA (20K)/0.3 g TiO2/different amount of FA for the precursor. 
To further investigate the SEI layer formation, XPS spectra are obtained for the 
as-produced electrodes and after 30 charge-discharge cycles (as shown in Figure 4.17). 
Table 4.2 illustrates how the composition changes during cycling due to the formation of 
SEI layer. The molar ratio of O and Na to C after 30 charge-discharge cycles increases 
because of the decomposition of a solution of NaClO4 in EC and PC that leads to the SEI 
layers. Although, at low carbon content (12 wt%), the molar ratio of O and Na to C after 
30 charge-discharge cycles increases from 1 : 0.2 : 0 to 1 : 0.9 : 0.5, the change of the O 
ratio is small compared to other three anodes with 15, 16, and 18 wt% carbon in the 
anodes. We attribute this difference in the surface composition to the presence of exposed 
TiO2 nanoparticles in this low carbon content sample that leads to a different SEI layer, 
which is consistent with our hypotheses regarding the performance and impedance data 
for this sample. 
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Figure 4.17. XPS spectra of the neat (dash line) and 30 charge-discharge cycled (solid 
line) composite anodes fabricated with different carbon contents of carbon/TiO2 
composite: (A) 12 wt%, (B) 15 wt%, (C) 16 wt%, and (D) 18 wt%. 
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Table 4.2. Surface elemental composition from XPS of anodes as-produced and after 30 
charge-discharge cycles fabricated with different carbon contents of carbon/TiO2 
composites  
Carbon 
content 
As-produced Cycled 
C% O% Na% Ti% Cl% F% C% O% Na% Ti% Cl% F% 
12 wt% 
75.8  
± 0.9 
17.8 
± 0.6 
0 
6.4 
± 0.3 
0 
0.2  
± 0.3 
40.6 
± 10.2 
35.6 
± 3.9 
20.8 
± 6.2 
0.1 
± 0.02 
2.7 
± 0.6 
0.2 
± 0.08 
15 wt% 
64.3 
± 1.7  
20.1 
± 7.2 
0 
4.6 
± 2.1 
0 
16.7 
± 0.5 
27.1 
± 1.1 
42.7 
± 0.9 
29.3 
± 1.0 
0.1 
± 0.04 
0.7 
± 0.04 
0.2 
± 0.1 
16 wt% 
71.5 
± 7.8 
20.6 
± 7.5 
0 
4.1 
± 3.1 
0 
6.8 
± 2.7 
23.5 
± 2.7 
41.4 
± 1.1 
30.7 
± 1.9 
0.2 
 ± 0.05 
0.5 
± 0.4 
0.6 
± 0.05 
18 wt% 
75.2 
± 12.2 
15.9 
± 11.2 
0 
4.8 
± 2.5 
0 
4.2 
± 3.1 
37.7 
± 6.5 
39.8 
± 2.7 
21.2 
± 3.6 
0.1 
± 0.01 
1.2 
± 0.05 
0.3 
± 0.1 
For more study of the SEI layers, high-resolution XPS spectra are used to 
investigate the 1s binding of C and O, and the resulting spectra of C1s (280-292 eV, left) 
and O1s (527-539 eV, right) are shown in Figure 4.18. The strong C1s peak at ~284.6 eV 
is assigned to C-C bonds in SEI layer and the carbon of the electrode composite. The 
oxygen-rich SEI layer is clearly identified with strong peaks at ~286.2 eV and ~289 eV 
associated with C-O-C and O-C=O bonds, respectively.
47, 48
 The area ratio of C-C bond to 
carbon-oxygen bonds (C-O-C and O-C=O) decreases from 1 : 1.51 to 1 : 0.78 as the FA 
content increases, which corresponds to an increase in the carbon content of the anode 
from 15 wt% to 18 wt% (as shown in Table 4.3). This is unusual as the SEI layer appears 
to be more prevalent for the higher carbon content anodes from the TEM micrographs 
(Figure 4.15), but there are less carbon-oxygen bonds near the surface relative to C-C 
bonds for the high carbon content anodes. This is counter to expectations based on the 
survey scan (Table 4.2).  
  
 98 
 
Figure 4.18. XPS spectra examining C1s (left) and O1s (right) for the anodes after 30 
charge-discharge cycles fabricated with different carbon contents of carbon/TiO2 
composite: (A) 12 wt%, (B) 15 wt%, (C) 16 wt%, and (D) 18 wt%. 
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Table 4.3. The changes of peak areas from high resolution XPS spectra as a function of 
carbon contents in the composite anodes 
C1s 
Carbon  
Content
 
C-C 
(~284.6 eV) 
C-O-C 
(~286.2 eV) 
O-C=O 
(~289 eV) 
C-C : (C-O-C + O-C=O) 
12 wt% 57.8 ± 0.6 % 11.1 ± 0.5 % 31.1 ± 0.1 % 1 : 0.73 
15 wt% 39.9 ± 2.2 % 21.4 ± 3.6 % 38.7 ± 1.5 % 1 : 1.51 
16 wt% 40.6 ± 0.5 % 6.3 ± 0.02 % 53.1 ± 0.5 % 1 : 1.46 
18 wt% 56.3 ± 0.01 % 19.5 ± 0.1 % 24.2 ± 0.01 % 1 : 0.78 
O1s 
Carbon  
Content
 
C=O 
(~531 eV) 
C-O, C-OH 
(~532.8 eV) 
Na Auger 
(~535.5 eV) 
(C=O + C-O, C-OH) : Na 
Auger 
12 wt% 58.8 ± 1.2 % 14.8 ± 1.6 % 26.5 ± 0.3 % 1 : 0.37 
15 wt% 64.6 ± 0.4 % 10.9 ± 1.0 % 24.4 ± 0.6 % 1 : 0.32 
16 wt% 63.9 ± 1.3 % 11.0 ± 2.1 % 23.6 ± 1.3 % 1 : 0.31 
18 wt% 52.1 ± 2.7 % 27.1 ± 3.2 % 20.9 ± 0.5 % 1 : 0.26 
However, the lowest carbon content anode with exposed TiO2 also exhibits a low 
concentration of oxygenated compounds relative to C-C bonds (Table 4.3), but the 
oxygen content from the survey scan is the lowest of the composites examined  (Table 
4.2). To better understand this behavior, high-resolution XPS spectra for O1s is 
investigated between 530 and 534 eV to identify C=O (~531 eV), C-O (~532.5 eV), and 
C-OH (~533 eV).
50
 As the carbon content increases (except for the low carbon, 12 wt%, 
outlier), the peak area of C=O decrease from 64.6% to 52.1%, whereas the peak areas of 
C-O and C-OH increase from 10.9% to 27.1%, all on the basis of the total area for the 
oxygen peaks. These data are consistent with the increased decomposition of the 
electrolyte (EC and PC) for the higher carbon content specimens as the C=O bonds in EC 
and PC are reduced to C-O.
49
 These XPS data focused on O1s provide an additional 
advantage to understand the SEI layer formation as the Na auger is visible in the energy 
window examined. The nature of the SEI layer formed on carbons depends on the 
location: the basal plane, which consists of sp
2
 carbon atoms (C-C bonds), typically 
generates SEI that is rich in organic compounds, whereas the edge sites, which contain 
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dandling bonds and various capping moieties (e.g., hydrogen, hydroxyl, carbonyl and 
carboxyl groups), typically generates SEI that is rich in inorganic compounds.
51, 52
 Table 
4.3 illustrates the change of the ratio between oxygen-rich substances (C=O, C-O, and C-
OH peaks) and sodium (Na Auger peak) as a function of the carbon content after 30 
charge-discharge cycles. This ratio is the largest for the lowest carbon content (1:0.37) 
and decreases to a minimum at the highest carbon content (1:0.26). We attribute this 
difference to the propensity of organic-rich SEI to form on the basal plane of carbon, so 
the higher carbon content (18 wt%) should lead to additional SEI. 
These results illustrate the interplay between surface area, composition, surface 
chemistry and pore size on determining the performance of anatase TiO2-carbon 
composite anodes for sodium ion batteries. In particular, these factors impact the SEI 
layer formation. Higher surface areas of the composite materials lead to thicker SEI 
layers, while increasing the carbon content of the composite also generates thicker SEI 
layers. The SEI layer thickness can adversely impact the long-term performance of the 
anodes with a decrease in capacity and an increase in impedance. 
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4.4 Conclusions 
The morphology of porous carbon/TiO2 composites was tuned using the 
composition and molecular weight of the porogen in the precursor via a simple 
polymerization induced phase separation process using a renewable carbon source 
(furfuryl alcohol). The SEI layer formation increases on the anode having larger surface 
area, but the nature of the SEI appears to depend on minor perturbations in the 
composition of the anode. The composite with high carbon content has more sp
2
 carbon 
atoms (C-C bonds) and tends to produce a thick SEI layer that consists of primarily 
organic compounds (oxygen-rich substances). This thick SEI layer limits sodium ion 
diffusion and impacts performance with an increase in the impedance and decreases in 
capacity as the carbon content in the composites increases. This simple polymerization 
induced phase separation method provides a facile route to teasing out how seemingly 
minor changes in composition and morphology impact the performance. This method 
could provide a route to help to better design electrode materials for sodium ion batteries 
by understanding interplay between structure and performance. 
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CHAPTER V 
GENERAL CONCLUSIONS AND SUGGESTIONS FOR FUTURE STUDY 
5.1 Conclusions  
During this Ph.D. period, my studies were focused on fabrication and 
characterization of polymer/metal oxide nanocomposite materials through 
polymerization-induced phase separation. The nanocomposite materials were studied 
their mechanical properties depending on their morphology, and they were pyrolyzed to 
fabricate porous carbon/metal oxide for application to anode electrodes of sodium ion 
batteries.  
The dispersion state of Al2O3 in the PEA/PMMA blend matrix has a decisive 
effect on mechanical properties of PEA/PMMA/Al2O3 composite materials. The small-
sized clusters and individual clusters of Al2O3 into the composites improve the tensile 
strength as compared with neat PEA/PMMA blend due to interactions between the 
polymer chains and Al2O3 nanoparticles. On the other hand, the larger and interconnected 
clusters of Al2O3 bring several partial failures under relatively low strain as the polymer 
matrix separates along Al2O3 clusters because of the severe modulus mismatch between 
polymer and Al2O3 nanoparticles, and thus they cause the reduction of ductile behavior. 
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The method used to fabricate porous carbon/TiO2 composite provides a route to 
generate a low cost carbon/TiO2 composite for the active component for the anode 
electrode of a sodium ion battery. The composite exhibits excellent cycle performance 
with less than 10% fade in capacitance observed even at high charge/discharge rates up to 
approximately 5 C (440 mA/g). This simple phase separation method for generating 
controlled porosity in carbon composites may be applied to other nanoparticle/polymer 
systems to generate materials for sodium-ion battery electrodes.  
The morphology of porous carbon/TiO2 composites was tuned using the 
composition and molecular weight of the porogen in the precursor via a simple 
polymerization induced phase separation process using a renewable carbon source 
(furfuryl alcohol). The porous carbon/TiO2 composites were investigated to confirm the 
interplay between their morphology, SEI formation and performance for the composite 
anode electrodes for sodium ion batteries. The SEI layer formation increases on the anode 
having larger surface area, but the nature of the SEI appears to depend on minor 
perturbations in the composition of the anode. 
5.2 Future studies  
Surface area of carbon materials is generally increased by the development of 
porosity in the bulk of carbon materials, leading to a porous network inside the carbon 
particle. The controls of the pore size and the pore size distribution (PSD) are important 
because they have a great impact on the carbon capacitance. Therefore, polymer fibers 
with co-continuous phase morphology between carbon precursor and thermally 
decomposable polymers are at the center of attention in future study because they can 
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turn into carbon fibers with large surface area after carbonization. Carbon precursor 
polymers such as polyacrylonitrile (PAN), poly(vinyl alcohol) (PVA), and polyimide (PI) 
will be applied to the electrospinning system with various ratios to poly(methyl 
methacrylate) (PMMA, a thermally decomposable polymer) to find co-continuous 
morphology as shown in Figure 5.1.  
 
Figure 5.1. A concept image of carbon fiber with co-continuous phase morphology. 
Metal oxides are considered to be good candidates as electrode materials in 
energy storage devices due to their large theoretical capacity (500-1000 mAh/g), which 
may dramatically improve the energy density for the devices compared to carbon 
materials. Therefore, hybrid composite electrode systems combining nanostructured 
carbons with metal oxides can achieve the high performance (high energy and power 
densities) of electrodes. Among metal oxides, Co3O4, SnO2, V2O5, and Fe3O4 are 
attracting attention in future study because of their relatively low cost, ease of synthesis 
and their different capacitances (shown in Figure 5.2). The difference of their 
capacitances provides that we can compare the effect the capacitance on the performance 
of electrodes.  
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Figure 5.2. The specific capacitance values for different metal oxides. 
To improve the electronic conductivity of carbon materials, they are modified 
with nitrogen-containing functional groups. The nitrogen-containing functional groups 
can provide the improved capacitance through the pseudo-capacitance effects and the 
improved wettability of carbon materials with electrolytes. Furthermore, the electronic 
conductivity of carbon materials can increase through the nitrogen doping, and the 
improved electronic conductivity can provide the high power density. Therefore, in future 
study, the nitrogen doped carbon materials will be prepared by heat treatment of the 
porous carbon materials in a furnace at 900ºC for 1 hr in gas mixture of NH3 and N2 (1:4 
v/v) as depicted in Figure 5.3.  
 
Figure 5.3. A schematic illustration of nitrogendoped carbon materials preparation. 
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